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Abstract

We present results from a systematic study linking material microstructure to monotonic and fatigue properties of NiTi shape memory alloys.
We consider Ni-rich materials that are either (1) hot rolled or (2) hot rolled and cold drawn. In addition to the two material processing routes,
heat treatments are used to systematically alter material microstructure giving rise to a broad range of thermal, monotonic and cyclic properties.
The strength and hardness of the austenite and martensite phases initially increase with mild heat treatment (300 ◦C), and subsequently decrease
with increased aging temperature above 300 ◦C. This trend is consistent with transmission electron microscopy observed precipitation hardening
in the hot-rolled material and precipitation hardening plus recovery and recrystallization in the cold-drawn materials. The low-cycle pseudoelastic
fatigue properties of the NiTi materials generally improve with increasing material strength, although comparison across the two product forms
demonstrates that higher measured flow strength does not assure superior resistance to pseudoelastic cyclic degradation. Fatigue crack growth rates
in the hot-rolled material are relatively independent of heat treatment and demonstrate similar fatigue crack growth rates to other NiTi product
forms; however, the cold-drawn material demonstrates fatigue threshold values some 5 times smaller than the hot-rolled material. The difference
in the fatigue performance of hot-rolled and cold-drawn NiTi bars is attributed to significant residual stresses in the cold-drawn material, which
amplify fatigue susceptibility despite superior measured monotonic properties.
© 2007 Elsevier B.V. All rights reserved.

Keywords: NiTi; Fatigue; Strength; Microstructure; Crack growth

1. Introduction

Nickel–titanium (NiTi) shape memory alloys possess the
ability to recover strains on the order of 8% or more due to
a highly reversible thermoelastic martensitic transformation.
Depending on the testing temperature, NiTi demonstrates two
different strain recovery responses: pseudoelasticity and shape
memory. Pseudoelasticity (also termed superelasticity) refers to
the spontaneous recovery of strains in initially austenitic NiTi
upon removal of the applied stress, and is attributed to the
reversible stress-induced austenite-to-martensite phase trans-
formation. Shape memory describes the recovery of strains in

∗ Corresponding author. Fax: +1 404 894 9140.
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initially austenitic or martensitic NiTi after unloading and sub-
sequent heating above a critical temperature. A pseudoelastic
response occurs when NiTi is deformed sufficiently above its
austenite finish temperature, Af, while shape memory is observed
when NiTi is deformed below the martensite finish temperature
(Af). At temperatures sufficiently above Af, and above the so-
called martensite deformation temperature, Md, NiTi deforms
by elastic–plastic response (i.e., via dislocation motion) similar
to conventional metallic materials.

The shape memory and particularly pseudoelastic properties
of NiTi have led to a palette of innovative medical devices
[1–6]. Orthodontic wires utilize the constant stress unload-
ing response inherent to pseudoelasicity to provide a stable
restraining force on teeth. Orthodontic drills and cardiovascu-
lar guidewires exploit local pseudoelastic strains to facilitate
repeatable large-strain bending deformations without perma-
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nent kinking. Peripheral artery stents use pseudoelasticity to
self-deploy inside an artery and provide improved crush resis-
tance once implanted. Orthopedic staples use the shape memory
effect to provide a clamping force at a fracture site and improve
potential for bone union. Although the biocompatibility of NiTi
has been extensively studied [7–26], the corresponding fatigue
properties are not fully understood and have led to, for exam-
ple, a surprising number of in vivo medical device fractures
[27–29].

Basic macroscopic features of NiTi fatigue were established
some 10–30 years ago [30–47]. During low-cycle pseudoelastic
loading of NiTi, the critical transformation stress level decreases,
the transformation stress–strain slope increases, the dissipated
hysteresis energy decreases, and residual strains are accumu-
lated. During low-cycle thermomechanical cycling, an applied
stress causes the accumulation of transformation strain along
the direction of the applied stress and also results in perma-
nent plastic strains. The low-cycle fatigue behavior of NiTi is
typically superior to traditional metals when the comparison is
made based on strain amplitudes since the inelastic strains are
produced by a reversible transformation rather than more dis-
sipative dislocation activity [48]. Furthermore, NiTi is unique
compared to most alloys because high-strength NiTi materials
can also exhibit good low-cycle fatigue resistance due to the
transformation; traditional metals are typically strengthened to a
level to make them relatively more resistant to low or high-cycle
fatigue. Early studies [30–45] have shown that the low-cycle
fatigue response of NiTi depends on a number of variables such
as strain range, heat treatment, temperature, mean stress, load-
ing path, and control mode. On the other hand, NiTi has been
shown to demonstrate only moderate resistance to high-cycle
fatigue [45]. In particular, the fatigue crack growth rates in NiTi
are typically faster compared to alternative biomedical implant
materials [46,47,49–52].

More recent work has focused on developing a deeper under-
standing of fatigue in NiTi shape memory alloys. Due to
the strong dependence of operant deformation mechanisms on
the applied stress level, the terms ‘structural’ and ‘functional’
fatigue have been coined to help distinguish between high-cycle
and low-cycle fatigue of NiTi [53,54]. Researchers have contin-
ued phenomenological-based rotary bend fatigue testing of NiTi
due to the direct relevance to rotating medical devices [55–58].
Other related studies have examined the effect of mean strain
[59] and deformation localization [60] on the low-cycle fatigue
behavior of NiTi. A few studies have begun to more explic-
itly discuss the effect of microstructure on the fatigue resistance
of NiTi, focusing on the effects of thermomechanical process-
ing [61–65]. Although preliminary work has demonstrated the
strong link between thermomechanical processing and fatigue of
NiTi, the processing–structure–fatigue relationship is not fully
developed for polycrystalline NiTi. For example, prior work
[61–64] has shown that a cold-worked alloy with a higher mono-
tonic strength shows better resistance to low-cycle pseudoelastic
fatigue compared to a lower strength alloy. However, as will be
shown in the present work, increased monotonic strength does
not always correlate with higher resistance to low-cycle fatigue
when comparing material processing routes.

Low-cycle fatigue studies on single crystal NiTi have
revealed a strong relationship between microstructure and low-
cycle fatigue response [66–69]. The crystallographic orientation
(i.e., texture) of the specimens greatly influences the ability
of NiTi to resist low-cycle fatigue. Optimal low-cycle fatigue
response was observed for samples oriented most favorably
(lowest required transformation stress) for the martensitic trans-
formation and least favorably for dislocation motion. In addition,
due to the asymmetric nature of the phase transformation, the
direction of the applied stress (i.e., tension versus compression)
influences the fatigue response of single crystal NiTi. Nickel rich
NiTi materials contain Ni4Ti3 precipitates, and single crystal
experiments have shown that precipitate size strongly influences
low-cycle fatigue resistance by altering the relative resistance to
the martensitic transformation and dislocation motion [66–69].
The aforementioned single crystal studies indicate that precipi-
tate structure and crystallographic texture may have a significant
influence on the fatigue behavior of polycrystalline NiTi.

There have been correspondingly fewer studies on the
fatigue crack growth resistance of NiTi. Previous work on
NiTi bar [46,47,49], sheet [50,70] and tubing [51,52] demon-
strated remarkably low fatigue threshold stress intensity values
(�Kth ∼ 2–4 MPa

√
m) when compared with other biomaterials.

However, none of these prior fatigue crack growth investiga-
tions revealed the role of mechanical processing and subsequent
heat treatment on the fatigue crack growth in NiTi. In sum-
mary, although it is known that thermomechanical treatments
alter fatigue properties, the link between the microstructures
induced by these treatments and the resulting fatigue behavior
and mechanisms is unclear, especially for alloys only strength-
ened by precipitation hardening (hot-rolled materials). The
objective of the present paper is to provide an improved under-
standing of the effect of microstructure on the fatigue of NiTi
shape memory alloys across different deformation processing
routes.

2. Materials and methods

We employed a commercial polycrystalline NiTi with a
nominal composition of Ti–50.9 at.%Ni (Ti–55.7 wt.%Ni). The
material was first processed by hot rolling at temperatures
between 845 ◦C and 955 ◦C. It was straightened and centerless
ground to a final diameter of 31.8 mm. This material is referred
to as “hot rolled”. A duplicate hot-rolled bar was subsequently
cold drawn approximately 30%. It was then straightened and
centerless ground to a diameter of 26.7 mm. This material is
referred to as “cold drawn”. All test pieces were fabricated from
the two bars by means of electro-discharge machining (EDM),
and any residue from machining was removed by sanding prior
to heat treatment. Hot-rolled and cold-drawn materials were
studied with four different heat treatments: (a) as-received, (b)
annealed in an air furnace 300 ◦C, (c) annealed in an air furnace
350 ◦C, and (d) annealed in an air furnace 550 ◦C. All heat treat-
ments were performed for 1.5 h followed by a water quench.
Hardness measurements were preformed with digital Rockwell
hardness tester, using a C-scale diamond-tip indenter at room
temperature.
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Samples used for examination with transmission electron
microscopy (TEM) were prepared by mechanical grinding
and subsequent twin-jet electropolishing of 3 mm disks. Elec-
tropolishing was carried out using a 5% perchloric acid and
95% ethanol solution electrolyte at 35 V and −15 ◦C. The
TEM samples were studied in an analytical transmission elec-
tron microscope operated at a nominal acceleration voltage of
200 kV. Whenever possible, the TEM images were recorded
under two-beam conditions.

A differential scanning calorimeter (DSC) was used to deter-
mine the characteristics of thermally induced transformations.
The DSC cycle was performed as follows: hold for 1 min at
20 ◦C, cool to −70 ◦C at 10 ◦C/min, hold for 2 min at −70 ◦C,
heat to 150 ◦C at 10 ◦C/min, hold for 2 min at 150 ◦C, and cool to
−70 ◦C at 10 ◦C/min. All DSC samples were cut using a cooled
slow speed diamond wafer blade saw and mounted in high purity
aluminum sample pans.

Monotonic and low-cycle fatigue samples were electro-
discharge machined from hot-rolled and cold-drawn bars. The
resulting oxide layer from the annealing and machining process
was mechanically removed prior to thermal and mechanical test-
ing. Flat dog bone tensile specimens, Fig. 1a, were designed from
a scaled down version of ASTM E8 [71] standard design. The
loading axis of the specimens was machined in the direction
of the deformation processing. Monotonic tests were performed
at room temperature (25 ◦C) and elevated temperature (125 ◦C
or 150 ◦C) on the hot-rolled and cold-drawn samples, using a
screw-driven mechanical load frame. Mechanical tests were con-
ducted in strain and load control using a miniature extensometer
with a 3 mm gauge length. Monotonic specimens were loaded
until failure or 15% strain (at 10−3 s−1) and unloaded in load
control (at 40 N/s) to 0.1 MPa if failure did not occur. Low-cycle
fatigue experiments were conducted using a triangle wave func-

tion in strain control for loading and load control for unloading.
Samples were loaded to 3.0% in strain control and unloaded to
0.0 MPa in load control. The wave function was repeated for
100 cycles at a frequency of approximately 0.17 Hz. Tempera-
ture was controlled during monotonic and low-cycle fatigue tests
using a liquid nitrogen tube cooled, air heated thermal chamber.

Disk-shaped compact tension, C(T), specimens were electro-
discharge machined from the bars such that the pre-notch was
aligned in the radial direction (Fig. 1b), mechanically ground
through 1200-grit paper to remove the machining and annealing
oxides, and electropolished for a consistent finish. Fatigue crack
propagation tests were carried out on an electro servo-hydraulic
mechanical test system in general accordance with ASTM Stan-
dard E 647 [72], at a positive load ratio, R = Kmin/Kmax = 0.1, at
50 Hz (sine wave) frequency, in ambient air. A minimum of four
test specimens were used to obtain each fatigue crack growth
curve (N ≥ 4). Crack lengths were continuously monitored via
a back-face strain gauge on each sample. Most tests were con-
ducted in load control to generate an increasing growth rate
and stress intensity range with crack advance, with the excep-
tion being at near-threshold values where computer-controlled
continuous force shedding was utilized at a K-gradient of
−0.20 mm−1. Fatigue threshold �Kth values were operationally
defined as the stress intensity range at which growth rates did
not exceed 10−10 m/cycle [72].

3. Results and discussion

3.1. Microstructure

The hot-rolled and cold-drawn materials studied here have
been previously characterized [65,73]. At the grain scale, both
materials have a relatively strong 〈1 1 1〉 texture along their draw-

Fig. 1. Specimen geometries for (a) monotonic and cyclic tensile testing with dimensions in inches and (b) fatigue crack growth testing. The tensile specimens in (a)
were all extracted with the loading axis parallel to the rolling or drawing direction.
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Fig. 2. Optical micrographs of Nitinol hot-rolled (HR) and cold-drawn (CD) bar. Hot-rolled and cold-drawn bars show nearly equal grain sizes regardless of heat
treatment, specifically 74 �m and 60 �m, respectively [65,73]. All surfaces were electropolished followed by chemical etching to reveal the microstructure (etchant:
3.2% HF, 14.6% HNO3, balance deionized water). The rolling direction is out-of-plane in each micrograph (i.e., transverse cross-section). Note the presence of
martensite in all of the cold-drawn materials, as indicated by their lathe microstructure, suggesting higher residual strains than the hot-rolled materials.

ing/rolling direction, and grain sizes in the 60–70 �m range
[65,73] (Fig. 2). As expected the cold-drawn material has slightly
smaller average transverse grain size (60 �m) compared to the
hot-rolled material (average grain size of 74 �m) [65]. On an
area basis, this difference is consistent with the 30% reduction
given to the hot-rolled material to create the cold-drawn material
[65]. In addition, the 〈1 1 1〉 fiber texture is slightly stronger in
the cold-drawn material compared to the hot-rolled material.

TEM images of the material microstructures as a function
of heat treatment are presented in Figs. 3 and 4 for the hot-
rolled and cold-drawn materials, respectively. The as-received
hot-rolled material is nearly fully solutionized with only a very
fine distribution of precipitates (Fig. 3a). Aging at either 300 ◦C
or 350 ◦C results in a more noticeable distribution of fine pre-
cipitates (10 nm size range) in both materials, Fig. 3b and c,

respectively. Aging at 550 ◦C results in an overaged state with
relatively large incoherent precipitates of several hundreds of
nanometers in size.

The as-received cold-drawn material is a complicated mixture
of dislocations and residual martensite induced during the cold
drawing of the hot-rolled bar (Fig. 4a). Aging at 300 ◦C or 350 ◦C
does not cause measurable changes in material structure through
representative TEM images (Fig. 4b and c). The materials aged
at 300 ◦C and 350 ◦C both contain a high dislocation density and
residual martensite laths, even though the high magnification in
Fig. 4c highlights the dislocation arrangement. Aging the cold-
drawn material at 550 ◦C results in recovery, recrystallization,
and grain growth, as shown in Fig. 4d. Precipitates were not
distinguishable in the cold-drawn materials due to the defect-
laden microstructure. However, the trends in hardness with heat
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Fig. 3. Transmission electron microscopy images for the hot-rolled and annealed NiTi: (a) as-received [65], (b) 300 ◦C for 1.5 h, (c) 350 ◦C for 1.5 h, and (d) 550 ◦C
for 1.5 h.

treatment presented herein, and prior TEM work [73], would
imply activation of precipitation hardening.

3.2. Thermal transformation

Here we provide a summary of thermal transformation behav-
ior for the hot-rolled and cold-drawn materials as a function of
heat treatment. More details on the interpretation of specific
transformation peaks can be found in Ref. [73].

Thermal transformation behavior as a function of heat treat-
ment is shown in Fig. 5 for the (a) hot-rolled and (b) cold-drawn
materials. The as-received hot-rolled material undergoes a single
step transformation from austenite to martensite upon cooling
and from martensite to austenite upon heating. Heat treatment

at 300 ◦C or 350 ◦C brings out a multi-step R-phase transfor-
mation (one signature of a precipitated microstructure) and also
changes the position of the primary martensite start and finish
temperatures. Aging at 550 ◦C results in a considerable change
in transformation behavior with a two-step transformation upon
cooling and a single-step transformation during heating. The
thermal transformation behavior of the as-received hot-rolled
material and the hot-rolled material aged at 550 ◦C are only
slightly different in terms of temperature location and transfor-
mation sequence.

The as-received cold-drawn material does not show any
detectable transformation peaks in the temperature range con-
sidered (Fig. 5b). Aging at 300 ◦C and 350 ◦C brings out a subtle
R-phase transformation (Fig. 5b) at temperatures very close to
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Fig. 4. Transmission electron microscopy images for the cold-drawn and annealed NiTi: (a) as-received [73], (b) 300 ◦C for 1.5 h, (c) 350 ◦C for 1.5 h, and (d) 550 ◦C
for 1.5 h.

the clear R-phase peaks in the hot-rolled material (Fig. 5a). The
primary martensitic transformation is not detectable through
DSC in the mildly aged cold-drawn materials. Aging the cold-
drawn material at 550 ◦C results in the appearance of the primary
martensitic transformation and occurrence of a multi-step phase
transformation in similar temperature vicinity as the hot-rolled
material.

3.3. Hardness

Hardness tests were performed to help assist interpretation of
material microstructure as a function of heat treatment, and pro-
vide a simple metric for potential correlation with results from
monotonic and cyclic tests. Fig. 6 presents hardness trends in
the hot-rolled and cold-drawn materials as a function of heat

treatment. The error bars represent one standard deviation in the
measurements, and experimental scatter was typically very low.
The as-received cold-drawn material is considerably harder than
the as-received hot-rolled material, consistent with the relatively
high density of defects induced by cold drawing, and observed
in TEM. At a heat treatment temperature of 300 ◦C, both mate-
rials experience a 5–15% increase in hardness. The increase in
hardness in the hot-rolled material is due to a precipitation hard-
ening effect (Fig. 3b). Although precipitates were not detectable
by TEM in the cold-drawn material (Fig. 4b), it is reasonable
to expect some precipitation hardening since the Ni-rich hot-
rolled material is the precursor to the cold-drawn material, and
Ni is not lost during the cold-drawing process. In addition, prior
work has observed evidence of precipitates in the cold-drawn
material [73]. Aging both materials at a slightly higher temper-



Author's personal copy

K. Gall et al. / Materials Science and Engineering A 486 (2008) 389–403 395

Fig. 5. Differential scanning calorimetry curves for the (a) hot-rolled and (b) cold-drawn materials as a function of heat treatment. Measured Af temperatures are
presented in Table 2.

Fig. 6. Hardness (HRC) as a function of heat treatment and deformation pro-
cessing.

ature (350 ◦C) results in a consistent drop in hardness (∼12%).
Finally, when the hot-rolled and cold-drawn materials are aged
at 550 ◦C, both materials experience a more significant drop in
hardness, consistent with the large precipitate structure in the
hot-rolled materials (Fig. 3d) and the recovered structure in the
cold-drawn material (Fig. 4d).

3.4. Monotonic stress–strain response

We have performed stress–strain tests at both ambient tem-
perature (25 ◦C) and elevated temperatures (125 ◦C or 150 ◦C).
The monotonic tests provide common ground in order to better
understand the link between cyclic tests and material structure.
Stress–strain curves for the hot-rolled material at (a) ambient

and (b) elevated temperature are presented in Fig. 7. At ambi-
ent temperature (Fig. 7a) the initial portion of the stress–strain
curve characterizes the stress-induced transformation and can be
linked to DSC results, while the latter stages of the stress–strain

Fig. 7. Monotonic stress–strain response of the hot-rolled NiTi specimens tested
at (a) ambient (25 ◦C) and (b) elevated (125 ◦C) temperatures.
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Fig. 8. Monotonic stress–strain response of the cold-drawn NiTi specimens
tested at (a) ambient (25 ◦C) and (b) elevated (125 and 150 ◦C) temperatures.

curve characterize yield and plastic flow of the martensite and
can be linked to hardness results. The critical transformation
stress in the hot-rolled material decreases with increasing aging
temperature, consistent with increasing transformation temper-
atures observed in DSC. The flow strength of the stress-induced
martensite (for example, the stress at ∼10% strain after the sec-
ond “yield”) also decreases with increasing aging temperature,
a result consistent with hardness testing.

The elevated temperature response above Md (Fig. 7b) was
measured to characterize the elastic–plastic flow behavior of
the transformation-suppressed austenite phase of the material.
The elevated temperature results show similar trends as the
large-strain ambient temperature results and the hardness tests.
Specifically, the austenite flow strength is the highest for the
materials heat treated to 300 ◦C and 350 ◦C, while the as-
received material and material aged at 550 ◦C are consistently
weaker.

Stress–strain curves for the cold-drawn material at (a) ambi-
ent and (b) elevated temperature are presented in Fig. 8. The
as-received cold-drawn material demonstrates only plastic flow,
with no evidence of a stress-induced transformation at either
testing temperature. At ambient temperature (Fig. 8a), the cold-
drawn materials heat treated at 300 ◦C and 350 ◦C show similar
response with critical transformation stress levels similar to
those in the mildly aged hot-rolled materials but martensite
flow strengths ∼30% higher. Aging the cold-drawn material at
550 ◦C results in a considerable drop in the transformation stress
and martensite flow strength. We mention here that the elastic

modulus of the material apparently varies with heat treatment.
However, this variation is more indicative of issues with inelastic
contribution to the elastic loading regime where relative prox-
imity to a transformation temperature can alter what appears to
be an elastic loading regime [65].

The elevated temperature tests (Fig. 8b) on the cold-drawn
materials reveal similar trends for the austenite flow strength
as a function of heat treatment compared to the martensite
flow strength. The changes in the austenite and martensite flow
strength of the cold-drawn material follow trends in hardness
as a function of heat treatment. Moreover, the strength levels in
both the hot-rolled and cold-drawn materials are consistent with
changes in microstructure observed with TEM as a function of
heat treatment. Specifically, these results support the conclusion
of precipitation hardening in the hot-rolled material and precip-
itation hardening plus dislocation hardening in the cold-drawn
material.

3.5. Low-cycle fatigue tests

Low-cycle pseudoelastic fatigue tests were performed to gain
insight into the effect of heat treatment and microstructure,
with each cycle characterized by a forward loading from 0 MPa
to 3% tensile strain, and reverse loading back to 0 MPa. The
data are presented as a series of selected cyclic stress–strain
curves, over 100 cycles, aimed at assessing cyclic stability of
the various materials. The representative cyclic data for the as-
received, aged 300 ◦C, aged 350 ◦C, and aged 550 ◦C specimens
are shown, respectively, in Figs. 9–12 for a cyclic strain range
of 3%.

Since the cold-drawn material did not transform in the as-
received state, we only performed tests on the as-received
hot-rolled material (Fig. 9). Materials with poor cyclic sta-
bility show appreciable accumulation of permanent strain and
significant changes in hysteresis loop shape with cycling. The
as-received hot-rolled material demonstrates both cyclic unre-
coverable strains and significant change in the hysteresis of the
stress–strain curve during cycling (Fig. 9).

Fig. 9. Tensile low-cycle fatigue response of the as-received hot-rolled material.
The as-received cold-drawn material was not tested because it demonstrates only
permanent plastic strains whereas the as-received hot-rolled material exhibits a
reversible transformation.
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Fig. 10. Tensile low-cycle fatigue response of the (a) hot-rolled and (b) cold-
drawn materials aged at 300 ◦C for 1.5 h.

The cyclic response of (a) the hot-rolled and (b) cold-drawn
materials aged 300 ◦C are shown in Fig. 10. Neither mate-
rial showed appreciable unrecoverable strain as a function of
cycling. The hot-rolled material demonstrated larger changes
in the shape of the pseudoelastic loop versus cycling of the
cold-drawn material. In fact, at 100 cycles, the overall shapes of
the stress–strain curves for the two materials appeared similar.
Both materials possessed much improved cyclic stability com-
pared to the as-received hot-rolled material, which demonstrated
considerable unrecoverable cyclic strain.

The materials aged at 350 ◦C exhibited a much different and
repeatable cyclic response (Fig. 11). The hot-rolled material still
demonstrated excellent cyclic stability (Fig. 11a), while the cold-
drawn material showed relatively poor cyclic properties with
considerable unrecoverable strain and hysteresis loop closure
(Fig. 11b). The trends in cyclic behavior at 3% strain range
were repeated for the materials aged at 300 ◦C and 350 ◦C for
the hot-rolled and cold-drawn materials with a strain range of
6%. For a 6% strain amplitude, the trends were identical with
excellent cyclic degradation resistance in the hot-rolled and cold-
drawn materials aged at 300 ◦C and hot-rolled material aged at
350 ◦C. The cold-drawn material aged at 350 ◦C showed the
worst resistance to cyclic degradation.

Finally, the cyclic stress–strain data from the materials aged
at 550 ◦C is shown in Fig. 12. The hot-rolled and cold-drawn
materials both show poor cyclic stability under the imposed
test conditions because both materials have very low-strength

Fig. 11. Tensile low-cycle fatigue response of the (a) hot-rolled and (b) cold-
drawn materials aged at 350 ◦C for 1.5 h.

microstructures that are ineffective in preventing dislocation
motion while promoting the transformation, resulting in rapid
cyclic degradation.

At first glance, the improved low-cycle fatigue response of
the 300 ◦C aged (vs. as-received) samples can be explained
by the higher hardness and flow strength in response to the
aging. Clearly, the improved mechanical flow properties of
the two materials are contributing to the increased resistance
to pseudoelastic fatigue since the dislocation motion resis-
tant structures favor fully reversible transformation rather than
permanent deformation. However, the cyclic results for the mate-
rials heat treated at 350 ◦C (Fig. 11) highlight the limitation
of this argument, especially when comparing across material
systems (hot-rolled vs. cold-drawn). Indeed, the transformation
stresses in both the hot-rolled and cold-drawn 350 ◦C specimens
were similar and less than that of the 300 ◦C aged materials,
eliminating applied stress or vicinity to the transformation tem-
peratures as a plausible explanation. Furthermore, all monotonic
measures (hardness, austenite flow strength, and martensite flow
strength) show that the resistance to plastic flow of the cold-
drawn material aged at 350 ◦C is significantly higher than that
of the hot-rolled material aged at 350 ◦C, indicating that one
cannot use monotonic strength measures alone to optimize the
low-cycle fatigue resistance in NiTi when considering different
processing routes. It should explicitly be pointed out that this
work reveals the importance of selecting “optimal” heat treat-
ments based on the specific processing route, hot-rolled versus
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Fig. 12. Tensile low-cycle fatigue response of the (a) hot-rolled and (b) cold-
drawn materials aged at 550 ◦C for 1.5 h.

cold-drawn or cold-drawn wires versus cold-drawn bars. In addi-
tion, the treatment that optimizes one property may not optimize
or even influence another property. For example, prior work has
suggested ideal heat treatments for NiTi wires following cold
working [31]. Although these treatments may be optimal for
the specific composition, product form, and reduction, they are
not necessarily the optimal heat treatment across all material
variations as demonstrated herein.

3.6. Fatigue crack growth behavior

In addition to resistance to low-cycle pseudoelastic fatigue,
NiTi often is required in engineering applications to resist high

Fig. 13. Fatigue crack growth plots: (a) fatigue crack growth rates, da/dN, as a
function of the stress intensity range, �K, showing marked differences in behav-
ior of the cold-drawn (except after annealing at 550 ◦C) and hot-rolled material
and (b) crack growth rates plotted against stress intensity range normalized by
the elastic modulus E, which reveal little convergence of the data.

cycle, low amplitude fatigue. We have performed a series of
fatigue crack growth experiments to better understand the effect
of material form and microstructure on such high-cycle fatigue
behavior. Fig. 13 graphically shows, and Table 1 quantifies, the
threshold �Kth values for each condition. A standard represen-

Table 1
Fatigue crack growth properties of heat-treated Nitinol bar

Processing Heat treatment Fatigue threshold,
�Kth (MPa

√
m)

Paris-law exponents �CTOD (nm) CTODMax (nm)

m C (m/(cycle (MPa
√

m)m))

Hot-rolled

As-received 2.46 3.32 1.25 × 10−11 28.9 71.4
300 ◦C, 1.5 h 2.42 2.76 3.32 × 10−11 56.6 139
350 ◦C, 1.5 h 2.62 3.66 9.62 × 10−12 58.4 144
550 ◦C, 1.5 h 2.68 3.46 1.02 × 10−11 28.8 71.1

Cold-drawn

As-received 0.581 2.79 5.68 × 10−10 0.73 1.80
300 ◦C, 1.5 h 0.650 3.30 2.77 × 10−10 1.60 3.96
350 ◦C, 1.5 h 0.833 3.05 2.36 × 10−10 0.95 2.34
550 ◦C, 1.5 h 2.57 4.14 4.66 × 10−12 45.6 113
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Table 2
Material properties of Nitinol bar

Processing Heat treatment Af (◦C) Tensile propertiesa Residual strain

Elastic modulus (GPa) Yield stress (MPa) FWHM (milli-rad) FWHM/FWHMHR550

Hot-rolled

As-received 50 50.6 228 0.80 0.7
300 ◦C, 1.5 h 30 38.7 246 1.24 1.1
350 ◦C, 1.5 h 39 32.2 233 2.23 2.0
550 ◦C, 1.5 h 15 61.8 185 1.10 1.0

Cold-drawn

As-received 0 31.4 605 7.47 7.0
300 ◦C, 1.5 h −5 41.0 304 8.11 7.4
350 ◦C, 1.5 h 63 31.4 350 8.04 7.3
550 ◦C, 1.5 h 20 26.7 205 1.90 1.7

a Tensile properties determined from stress–strain plots at the 100th fatigue cycle such that steady state was reached.

tation of crack growth rates plotted as a function of the stress
intensity range is presented in Fig. 13a and shows a clear dis-
tinction between the hot-rolled and the cold-drawn materials.
All four of the hot-rolled annealing conditions produced nom-
inally the same fatigue crack growth properties. Conversely,
the cold-drawn material demonstrated the lowest threshold

�Kth values in the as-received condition (�Kth ∼ 0.6 MPa
√

m,
which is some 2–25 times lower than any other metallic
alloy [74,75]), with the threshold values increasing with a
corresponding increase in annealing temperature, finally cul-
minating in the cold-drawn 550 ◦C material demonstrating
fatigue crack growth properties nearly identical to its hot-rolled

Fig. 14. The morphology of fatigue crack paths and fracture surfaces in the as-received NiTi material. (a) A cross-sectional view of the fatigue crack path in the
hot-rolled material showing crack surface asperities with a nominal height of ∼35 �m; (b) a corresponding scanning electron microscopy image of the fatigue fracture
surface showing significant secondary microcracking at near-threshold levels (da/dN ∼ 10−10 m/cycle, �K ∼ 2.6 MPa

√
m); (c) a cross-sectional view of the crack

path in the cold-drawn material showing minimal crack deflection and much smaller asperities (height ∼10 �m); (d) a corresponding image of the fracture surface
which shows a relatively smooth, quasi-cleavage-like appearance (da/dN ∼ 10−10 m/cycle, �K ∼ 0.6 MPa

√
m). All micrographs show the crack growing from left

to right.
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counterparts (�Kth ∼ 2.5 MPa
√

m). Fatigue thresholds inten-
sities of this magnitude (�Kth ∼ 2.5 MPa

√
m) are typical for

other NiTi materials reported in the literature [46,47,49–52,70],
which range from 2 MPa

√
m to 4 MPa

√
m at this low load

ratio.
The basic mechanical properties (elastic modulus and yield

strength) of the NiTi bars are drastically influenced by the heat
treatments. Table 2 presents the elastic modulus and 0.2% offset
transformation stress determined following 100 fatigue cycles
(from Figs. 9–12) to allow stabilization of the linear-elastic
response due to martensite stabilization. The hot-rolled material
yield stresses remain relatively unchanged with heat treatment;
however, the cycle-stabilized elastic modulus at ambient temper-
ature varied significantly. Conversely, the cold-drawn material
(except for the 300 ◦C, 1.5 h treatment) shows relatively stable
moduli with varying yield stress. However, there is not a clear
trend in these elastic material properties that can explain the dif-
ferences in fatigue behavior. Indeed, often times fatigue crack
growth behavior from many different materials can be normal-
ized by plotting the data as a function of the stress intensity range
divided by the elastic (Young’s) modulus, E, of the material,
rather than direct comparison to the �K. This follows because
crack growth rates can often be related to the crack opening
displacement per cycle, which is a function of �K2/E. How-
ever, Fig. 13b clearly shows that the current results cannot be
effectively normalized by the elastic modulus, suggesting that
the observed differences in fatigue behavior are not associated
with variations in the mechanical properties of the materials, but
instead by microstructural factors.

Although less important than the fatigue threshold for con-
trolling the fatigue life of physically small devices, such as stents,
the Paris-law crack growth exponent, m, and scaling constant, C,
are important in lifetime predictions for larger structures (e.g.,
earthquake reinforcement structures [76–78]), which can with-
stand a certain amount of crack growth without imminent threat
of failure. These values may be used to conservatively estimate
the lifetime of a NiTi device with a known maximum flaw size,
by integrating the Paris law: da/dN = C�Km, where da/dN is the
measure of crack propagation per fatigue cycle and �K is the
stress intensity range. Compared to previous work in NiTi bar
[46,47,49], growth rates in the present alloys are somewhat faster
(crack growth exponents are m ∼ 3–4, as compared to ∼2–3 in
bar), and approximately the same when compared to deep-drawn
NiTi tube [51,52].

Fig. 14 presents optical and scanning electron micrographs of
the fracture cross-sections and surfaces taken at near-threshold
stress intensities in the hot-rolled and cold-drawn as-received
specimens. It is apparent that the size of asperities on the crack
surfaces (which often is an effective source of fatigue crack clo-
sure [79]) are much larger in the hot-rolled material (Fig. 14a)
when compared to the cold-drawn material (Fig. 14c); this is
most likely due to the difference in grain sizes, with the hot-rolled
material exhibiting ∼25% larger average grain sizes. Secondary
microcracking was also observed in the propagating fatigue front
in the hot-rolled as-received specimen (Fig. 14b). The forma-
tion of secondary microcracks acts as an energy dissipating
mechanism and can partially explain the higher fatigue thresh-

old values in the hot-rolled material. The cold-drawn material
exhibited quasi-cleavage type fracture typical in brittle materials
(Fig. 14d).

Crack tip opening displacements (CTOD) were calculated
[80] for each threshold condition and were based upon the 0.2%
offset yield value at the 100th fatigue cycle presented in Table 1.1

As expected, due to the low fatigue thresholds, the cold-drawn
materials (except at 550 ◦C) had extremely small�CTOD values
because of the proportionality to the threshold stress intensity.
Those opening displacements were 1.60 nm or less, which is
∼1/10 of the native oxide thickness for this material [81], sug-
gesting that the presence of a fatigue threshold (although low) in
the cold-drawn material were most likely associated with crack
wedging by the oxide film and fracture surface asperities in the
vicinity of the crack tip; the existence of such crack closure
lowers the effective (local) stress intensity range by effectively
raising the minimum stress intensity in the cycle. Conversely, the
hot-rolled and the cold-drawn (550 ◦C) specimens had �CTOD
values 3–5 times the native oxide thickness, but still smaller than
the asperity heights, indicating that wedging effects from the
oxide were highly unlikely, but frictional dissipation of energy
due to grain-to-grain interference could not be ruled out as the
source of the asymptotic fatigue threshold.

As the fatigue test specimens were prepared, and test condi-
tions designed, such that there were no physical (e.g., surface
roughness) or mechanical (e.g., plane stress vs. strain) dif-
ferences between specimens, it is reasonable to attribute the
observed differences in the fatigue behavior to one or more inter-
nal “material” properties that are unique to each specimen; these
are compared in Table 2. As discussed earlier, there was no
correlation between the elastic modulus and the fatigue resis-
tance. Furthermore, there was no observed correlation to the
yield stress or to the transformation (Af) temperature, which
indicated that all tests were conducted in the austenite phase
or mixed austenite/R-phase. Moreover, the difference in grain
sizes, i.e., 75 �m in hot-rolled versus in 60 �m cold-drawn mate-
rial (Fig. 2), was relatively small, and although crack closure
from interference of wedging grains in the wake of a fatigue
crack certainly can influence the fatigue crack growth and thresh-
old properties, these effects cannot explain the extremely low
values of the fatigue threshold in the hot-rolled material and
cold-drawn material.

The most significant difference between the eight samples
was the residual strain in each sample, which is processing-based
rather than a material property, but is an unavoidable result of
the cold drawing. Uniform strain due to elastic response of the
polycrystals, and non-uniform strain attributed to lattice accom-
modation of dislocation packets, inclusions, or precipitates in
the material can be measured by differences in X-ray diffraction
(XRD) patterns. Specifically, we chose to quantify the residual
strains in the material by measuring peak broadening via a full

1 Crack tip opening displacements were calculated from Ref. [80] using the
relationships:�CTODth = dn�Kth/2σyE, CTODmax,th = dnKmax,th/σyE where dn

is a dimensionless parameter, ranging in value from 0.3 to 1.0, which is a function
of the yield strain, the work hardening exponent, and whether plane stress or
plane strain conditions are assumed.
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width at half maximum (FWHM) calculation at the 1 1 0 diffrac-
tion peak. The FWHM values (measured in milli-radian of peak
broadening) are presented in Table 2, and clearly demonstrate
that the cold-drawn samples (excluding the 550 ◦C annealing
condition) have a much broader peak, implying higher residual
strain, consistent with the higher dislocation density observed
by TEM. Normalizing those results with the sample that should
contain the least residual stress (i.e., hot-rolled 550 ◦C anneal-
ing condition, which we term the “reference” sample) resulted
in an excellent qualitative correlation to the fatigue crack growth
results. Samples that exhibited the higher fatigue threshold val-
ues (cold drawn, annealed at 550 ◦C) had FWHM values equal
to, or below, twice the “reference” condition (i.e., lower residual
stress), whereas the specimens with low threshold values (cold
drawn, all but 550 ◦C) had over seven times the peak width when
compared to the “reference” condition (i.e., they possessed much
higher residual stresses).

To highlight the extent to which such residual stresses can dis-
tort the measured fatigue thresholds, we compared the fatigue
crack growth properties of these NiTi alloys to several other
materials that are used for other biomedical implants (Fig. 15a),
namely, pyrolytic carbon [82], NiTi tube [51,52], L605 (CoCr
alloy) [83], Ti–6Al–4V, and 316 stainless steel [47]. Although
the hot-rolled NiTi bar shows fatigue thresholds similar to
commercial NiTi tube, surprisingly cold-drawn (as-received)
NiTi bar has the lowest fatigue threshold of any of these
materials, including the brittle ceramic-like pyrolytic carbon
material. Therefore, the design of any product manufactured
from cold-drawn bar (except after annealing at higher (550 ◦C)
temperatures) will require enhanced scrutiny of components as
extremely small flaw sizes will need to be detected in order to
prevent the growth of fatigue cracks.

Normalization of the fatigue crack growth curves by the elas-
tic modulus (Fig. 15b) did produce some convergence of the
growth curves, with all of the �Kth values falling within a sin-
gle logarithmic decade; however, the cold-drawn as-received
material still exhibited the lowest fatigue threshold.

4. Summary and conclusions

In-service fatigue of NiTi components, particularly biomed-
ical implant devices such as endovascular stents, can
be extremely complex since the material can experience
combinations of low-cycle and high-cycle fatigue loading,
and mixed-mode loads from tension, compression, bending
and shear. In order to appropriately design devices from
NiTi shape memory alloys, it is imperative to understand
processing–structure–property relationships under cyclic load-
ing conditions. Such information allows tailoring of material
processing and structure to achieve optimized resistance against
fatigue failure. Prior work has established basic relationships
between fatigue properties and processing parameters; however,
this understanding is insufficient to truly optimize fatigue resis-
tance under all microstructural conditions. The present work
provides a further foundation to better understand the fatigue
resistance of NiTi shape memory alloys. Specific conclusions
include:

Fig. 15. A comparison of fatigue crack growth properties of the current NiTi
alloys with other materials commonly used for biomedical implants: (a) fatigue
crack growth rate behavior plotted as a function of the stress intensity range,
�K (the as-received Nitinol bars tested in the current work are shown in red,
Nitinol tube [51,52] in blue, and other biomaterials in black) and (b) the same
crack growth rate behavior normalized by �K/E, where E is the elastic mod-
ulus (this shows some degree of normalization of the data to within a single
logarithmic decade). Note that the cold-drawn as-received material has a fatigue
threshold �Kth value significantly lower than other implant materials, including
the ceramic-like pyrolytic carbon. (For interpretation of the references to color
in this figure legend, the reader is referred to the web version of the article.)

(1) Increases in monotonic strength measures in both the hot-
rolled and cold-drawn NiTi materials leads to enhanced
resistance to low-cycle fatigue (increased pseudoelastic sta-
bility) as long as the primary material processing route
remains unchanged.

(2) An increase in material “flow strength” is a necessary, but
not always sufficient, means to improve resistance to cyclic
pseudoelastic degradation. It is possible to have a relatively
high-strength material that undergoes the transformation,
but exhibits poor cyclic stability relative to a lower-strength
NiTi material, especially when considering different pri-
mary processing routes.

(3) The hot-rolled material exhibited fatigue crack growth
behavior similar to other reports of superelastic NiTi in the
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literature with a fatigue threshold of ∼2.5 MPa
√

m regard-
less of the aging treatment.

(4) The cold-drawn as-received material exhibits threshold val-
ues of ∼0.6 MPa

√
m, which is lower than most materials

used for biomedical applications, including brittle pyrolytic
carbon, and is indeed some 2 to 25 times lower than any
other metallic material.

(5) The extremely low fatigue threshold in the cold-drawn bar
is attributed to residual stresses imparted in the NiTi mate-
rial during the cold-drawing process. Reduction of residual
stresses in this material using annealing processes results in
a corresponding increase in fatigue crack growth resistance.
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