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Abstract   The growth of fatigue cracks at elevated temperatures (25–1300°C) is examined under cyclic
loading in an in situ toughened, monolithic silicon carbide with Al-B-C additions (termed ABC–SiC), with
specific emphasis on the roles of temperature,  load ratio, cyclic frequency, and loading mode (static vs. cyc-
lic). Extensive crack-growth data are presented, based on measurements from an electrical potential-drop
crack-monitoring technique, adapted for use on ceramics at high temperatures. It was found that at equi-
valent stress-intensity levels, crack velocities under cyclic loads were significantly faster than those under
static loads.   Fatigue thresholds were found to decrease with increasing temperature up to 1200°C;  behavior
at 1300°C,  however, was similar to that at 1200°C.  Moreover,  no effect of frequency was detected (between
3 and 1000 Hz), nor evidence of creep cavitation or crack bridging by viscous ligaments or grain-boundary
glassy phases in  the crack wake.   Indeed,  fractography  and crack-path sectioning revealed a fracture mode
at 1200–1300°C that was essentially identical to that at room temperature, i.e. predominantly intergranular
cracking with evidence of grain bridging in the crack wake. Such excellent crack-growth resistance is attrib-
uted to a process of grain-boundary microstructural evolution at elevated temperatures, specifically invol-
ving crystallization of the amorphous grain-boundary films/phases.  ©  2000  Acta Metallurgica Inc.
Published by Elsevier Ltd. All rights reserved.
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1.  INTRODUCTION

Advanced ceramics offer great potential for a wide
range of high-temperature engineering applications
where chemical stability at temperatures above
1000°C is required; indeed, this demand for struc-
tural materials that can operate at temperatures
well above the currently used Ni-base superalloys
has precipitated extensive research in ceramics over
the past decade [1–7]. In this regard, silicon carbide
(SiC) represents one of the attractive candidates
because of its combination of high specific strength,
and creep and oxidation resistance at elevated tem-
peratures. A serious disadvantage with this ceramic,
however, has been its extremely low fracture tough-
ness (Kc ~ 2–3 MPa√m), which severely limits its
implementation for most structural applications.
Recently though, studies have shown that tougher,
more flaw-tolerant, SiC can be processed [8–11] via
the formation of heterogeneous microstructures
with   highly  elongated  plate-like  grains.   Indeed,
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room-temperature      toughnesses    higher   than
9 MPa√m have been reported [8].

Although such advances in the toughening of
SiC, and indeed of other ceramics, are impressive, it
is the maintenance of such toughness in combi-
nation with good elevated-temperature creep and
oxidation properties that remains a critical chal-
lenge. Moreover, there is still a great deal to be
learned about the subcritical crack-growth proper-
ties, i.e. by creep and cyclic fatigue, of toughened
ceramics, especially at such elevated temperatures.
The latter topic is of particular importance as many
proposed applications will inevitably involve cyclic
loading for prolonged periods of time at high tem-
peratures. Furthermore, since the crack-growth
rates, and hence predicted lifetimes, in ceramics are
a very strong function of the applied stresses (and
stress intensities) [2], design will almost certainly be
based on the concept of a threshold stress or stress
intensity for no crack growth.

Due primarily to difficulties in experimentation,
the vast majority of previous studies on cyclic crack
growth in monolithic ceramics has focused on room
temperature behavior, primarily in zirconia [12, 13],
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alumina (Al2O3) [14–19], silicon nitride (Si3N4) [20–
24] and SiC [8, 25, 26]. The process of fatigue gen-
erally involves the cyclic-loading induced degra-
dation of the extrinsic toughening mechanisms
behind the crack tip; in most non-transforming cer-
amics, the latter derives from crack bridging, by
uncracked ligaments or interlocking grains in
monolithic systems [25, 27, 28] and by intact whis-
ker, fibers or particles in composite materials [29].
Frictional-wear models [14, 30] have been proposed
to account for such behavior. Specifically, repetitive
sliding wear along the boundaries of active bridging
sites results in premature debonding of grains under
cyclic loading which reduces the frictional pullout
stresses; this in turn lowers the toughening capacity
of grain-bridging zones and enhances the local
crack-tip driving forces, thereby promoting acceler-
ated crack-growth rates [14, 16, 20, 26, 31, 32].
Since the crack-advance mechanism is unchanged
from that under static loading, ambient-temperature
fatigue-crack growth rates generally exceed those
under static loads at equivalent applied stress inten-
sities [2, 15, 17, 18, 21, 23, 25], and display a
marked dependency on the maximum stress inten-
sity, Kmax; moreover, growth rates are likely to be
insensitive to the cyclic frequency.

In comparison, far less is understood about cyclic
fatigue mechanisms at elevated temperatures; more-
over, much of the published data, on nitride- and
oxide-based monolithic and composite ceramics [33–
43], appears to be contradictory. Most studies report
lower crack-growth rates and hence longer lifetimes
under cyclic, compared to sustained, loading [33–36],
i.e. the opposite of behavior observed at ambient
temperature. However, three separate studies on hot-
pressed or HIPed Si3N4 conclude that cyclic crack-
growth rates between 1370 and 1450°C are faster
[37], slower [34], or the same [38] as corresponding
growth rates under static loads at equivalent stress-
intensity levels. Several studies have reported slower
growth rates, and hence increased lifetimes, at
higher loading frequencies [33, 34, 39, 44], yet con-
trary studies for Si3N4 at 1400oC claim no discern-
ible effect of frequency and indeed no correlation
between growth rates and the stress-intensity factor
[39]. Moreover, results for monolithic and re-
inforced Si3N4 suggest that cyclic crack-growth
rates are both time- and cycle-dependent [39].

Despite such contradictions, the primary mechan-
isms of high-temperature crack growth are generally
attributed to softening and nonlinear deformation
through cavitation along interfaces due to viscous
flow of the grain-boundary glassy phase; cavity
growth and linkage then creates a microcracked
region ahead of the crack tip which acts as the origin
of permanent crack-tip damage and provides appar-
ent stability for subcritical crack growth [40, 44]. The
presence of glassy phase can produce crack-bridging
ligaments, both as individual ligaments [45] or as a
viscous grain-boundary film during grain bridging

[46]. The force produced across crack faces by such
viscous bridging can reduce the local crack-tip stress
intensity, leading to slower, yet rate-dependent,
growth rates under cyclic loading.

As the viscosity of glass phase depends strongly
on its composition, thermal stability, oxidation and
degree of crystallization, in addition to the tempera-
ture and strain rate (frequency), the balance
between intrinsic damage, in the form of softening
and creep cavitation within the glassy phase, and
extrinsic crack-tip shielding from viscous bridging
will be extremely sensitive to the precise conditions
involved. It is believed that the marked differences
in the experimental results reported to date are a
manifestation of this sensitivity, specifically in the
varying size and chemistry of the grain-boundary
phase in differing ceramic systems, temperature and
frequency regimes.

Since no work to date has examined this question
of elevated-temperature cyclic crack growth in SiC
ceramics, the principal goal of the present study is
to elucidate the microstructural damage and corre-
sponding shielding mechanisms in an in situ tough-
ened silicon carbide with known high strength and
toughness properties at ambient temperatures [8,
25]. Specifically, the role of critical variables such as
temperature (25–1300°C), frequency (3–1000 Hz),
and load ratio (ratio of minimum to maximum
loads, R = 0.1–0.5) are examined with the objective
of discerning the salient micro-mechanisms and
microstructural factors controlling high-temperature
cyclic fatigue in SiC ceramics.

2.  EXPERIMENTAL PROCEDURES

2.1.  Material processing and microstructure

The monolithic silicon carbide under study was
processed with Al–B–C additions, and is termed
ABC–SiC. The material was prepared using submic-
rometer β-SiC, which was mixed with 3 wt% of Al,
0.6 wt% of B, and 2 wt% of C. After cold die-com-
pression at 35 MPa, the green compact was hot
pressed to a relative density of ~ 99 % in a graphite
furnace at 1900oC for 1 h at a pressure of 50 MPa
under flowing argon.

The resulting microstructure consisted of 5 vol.%
β-SiC  (cubic polytype 3C)  and 95 vol.% α-SiC
(49 vol.% 4H and 46 vol.% 6H hexagonal poly-
type). The morphology of the microstructure shows
a three-dimensional interlocking network of
elongated plate-like grains with aspect ratio of ~3.5
(Fig. 1). Additionally, an Al- and O-containing
amorphous film, ~1 nm thick, was observed along
grain boundaries; strips of crystalline triple-junction
phase, identified by electron diffraction as Al8B4C7,
Al4O4C and Al2O3, were also noticed on fracture
surfaces in the as-hot-pressed state. More details on
the processing and microstructural characterizations
of this class of SiC materials have been reported
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elsewhere [8, 25]. Ambient temperature mechanical-
property evaluation for this microstructure gave a
four-point bend strength of 620 (±15) MPa and a
fracture toughness Kc of 6.2 MPa√m, the latter
being measured using a fatigue pre-cracked
compact-tension DC(T) specimen.

High-resolution transmission electron microscopy
(TEM) was performed to examine the nature of the
grain boundaries. Moreover, by taking specimens in
the vicinity of the crack tip, an attempt was made to
discern the salient microstructural damage mech-
anisms responsible for crack advance for both slow
crack growth under both static and cyclic loading.
Specifically, 3-mm diameter TEM foils were taken
from  the crack-tip region of fracture and fatigue
test specimens such that the crack line was parallel
to the axis of the foil with the crack tip located
~500 µm away from the foil center. The foils,
which were ground down to 20 µm using a pre-
cision dimpling machine and further thinned by
argon ion milling, were examined on a Philips
CM200 microscope, operating at 200 kV.

2.2. Cyclic fatigue-crack growth rate measurements

Cyclic fatigue-crack growth testing was per-
formed using disk-shaped DC(T) specimens, con-
taining "large" (> 3 mm) through-thickness cracks;
the test pieces conformed to an ASTM E-647 stan-
dard geometry, with a width of ~28 mm and thick-
ness of ~3 mm. Samples were cycled at 850, 1200
and 1300°C, and behavior compared to that at
room temperature (RT=25°C). Tests were con-
ducted at load ratios of R = 0.1 and 0.5 at frequen-
cies, ν, between 25 and 1000 Hz at room

temperature and between 3 and 25 Hz at elevated
temperatures (sinusoidal waveform). For compari-
son, testing under sustained loading (static fatigue/
creep) was carried out at room temperature and at
1300°C, with the stress intensity held at the same
Kmax level used in the cyclic tests.

All experiments were conducted on MTS compu-
ter-controlled servo-hydraulic mechanical testing ma-
chines. Elevated temperature tests were performed
in an environmental chamber/furnace with graphite
elements that maintain temperature to within ±1°C.
Heating and cooling rates were kept at 10°C/min to
minimize any thermal shock effects. After reaching
the desired temperature, the furnace temperature was
kept constant for 1–3 h before starting the test to
allow the thermal equilibrium of the system. The test
environment at elevated temperatures was flowing
gaseous argon at atmospheric pressure; (except where
specified) corresponding room temperature tests were
conducted in air. Testing at 1000 Hz was performed
on a MTS servo-hydraulic test frame using a voice-
coil serovalve [47].

Cyclic tests were performed in general accordance
with ASTM standard E-647. Specifically, samples
were cycled under automated stress-intensity K con-
trol while maintaining constant load ratio. To
approach the fatigue threshold stress-intensity
values, ∆Kth and ∆Kmax,th, growth rates were moni-
tored under decreasing ∆K conditions, with a nor-
malized K-gradient set to –0.08 mm –1; the value of
∆Kth, below which large cracks are presumed to be
dormant, was operationally defined at a maximum
growth rate of 10 –10 m/cycle. The use of the stress
intensity K at elevated temperatures was justified
through considerations of the relative dominance of

Fig. 1.  Representative microstructure of the ABC–SiC, treated by thermal etching at 1800oC for 1h,
illustrating elongated,  plate-shaped interlocking grains with mean size of  5.2 (± 2.1) µm long and
1.5 (± 0.5) µm wide.
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small-scale creep conditions, as described in
Appendix A.

At ambient temperature, crack lengths were con-
tinuously monitored using unloading elastic-compli-
ance measurements with a 350 Ω strain gauge
attached to the back-face of the specimen. However,
a key component of this work was the use of an elec-
trical potential-drop technique to continuously moni-
tor crack lengths in situ at elevated temperatures. To
our knowledge, this is the first time such a technique
has been used for high-temperature measurements in
ceramics, and is made possible in the present case by
the electrical conductivity of ABC-SiC at these tem-
peratures (the resistivity above 600°C is ~10 Ω cm).
This method presents several significant advantages
over the techniques used to date, which have involved
periodic interruptions of the test to cool the sample
to make optical or compliance measurements, both
in avoiding artificial effects due to thermal fatigue
and oxidation from repeated exposure to air and in
efficiency of measurement. In the present tests, a con-
stant direct current of ~400–800 mA was introduced
into the sample, such that an initial output potential
of between ~0.4 and 1.0 V was developed across the
notch mouth. Subsequent changes in this potential
were then continuously measured to permit in situ
monitoring of crack length. Using this approach, it is
possible in principle to monitor changes in crack
length to a resolution of 20–40 µm. Further details
on this method as applied to SiC are given in the
Appendix B. Both elastic back-face strain compliance
and electrical-potential calibrations for this specimen
geometry are given in Ref. [48].

3.  EXPERIMENTAL RESULTS

3.1.  Fatigue-crack growth behavior

3.1.1 Ambient-temperature behavior. The vari-
ation in fatigue-crack growth rates, da/dN, with
applied stress-intensity range, ∆K, for ABC-SiC at
25°C is shown in Fig. 2 for environments of room
air and flowing argon gas (at R = 0.1, ν= 25 Hz). It
is apparent that there is a negligible difference
between behavior in air and an inert gas atmos-
phere at ambient temperatures; both environments
show a relatively high fatigue threshold of ∆Kth ~
5.1 MPa√m, which is approximately 80% of Kc.
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Fig. 2. Room-temperature cyclic fatigue-crack growth
rates, da/dN, in ABC–SiC, as a function of the applied
stress-intensity range ∆K, showing a negligible difference
in behavior in room air and gaseous argon environments.
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Fig. 3.  Cyclic fatigue-crack growth rates, da/dN, at R =
0.1 in ABC–SiC, as a function of the applied stress-inten-
sity range ∆K at temperatures between 25 and 1300°C at
frequencies of (a) 25 Hz and (b) 3 Hz.
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Characteristic of ceramic materials at low tempera-
tures [2], growth rates display a marked sensitivity
to the stress intensity. In terms of a simple Paris
power-law formulation:

da/dN = C′ ∆K m , (1)

where C′  and m are scaling constants, these data
show a Paris exponent m between 68 and 84.

3.1.2. Effect of temperature.  The variation in fa-
tigue-crack growth rates at temperatures of 850, 1200
and 1300°C at R = 0.1 is shown in Fig. 3 for two
loading frequencies of ν=25 and 3 Hz. The da/dN vs
∆K data were fitted to a simple Paris formulation
[equation (1)]; values of the exponents m and prefac-
tor C′, together with the respective ∆Kth and ∆Kmax,th
threshold stress intensities, are listed in Table 1.

It can be seen that at both frequencies, growth rates
are increased and the ∆Kth thresholds decreased with
increasing temperature up to 1200°C, although the
slope of the growth-rate curves remains roughly
similar. The decrement in ∆Kth with increasing tem-
perature is more pronounced from 25  to  850°C
(~28%) than that from 850 to 1200°C (~11%);
moreover, no further decline in crack-growth resist-
ance is apparent at 1300°C.

3.1.3. Effect of loading frequency.  The effect of
loading frequency is examined in Fig. 4 at R = 0.1.
No effect is seen between 25 and 1000 Hz at room
temperature; this is to be expected as both the pre-
dominant damage (intergranular cracking) and
shielding (grain bridging) mechanisms at low tem-
peratures are both essentially rate-insensitive.
However, in contrast to silicon nitride ceramics [35],
no effect of loading frequency, between 3 and 25 Hz,
is apparent at elevated temperatures either. This
implies that cracking is still cycle-dependent, and
not time-dependent, as might be expected at these
temperatures if creep damage or viscous shielding
mechanisms were active.

3.1.4. Effect of load ratio.  Cyclic fatigue-crack
growth rates in ABC–SiC at 25 and 1300°C are
plotted in Fig. 5 as a function of the stress-intensity
range ∆K and maximum stress intensity Kmax for
load ratios of 0.1 and 0.5. It is apparent that beha-

vior is similar at both low and high temperatures:
∆Kth thresholds are reduced by ~40%, and growth
rates at fixed ∆K are increased with increasing load
ratio (Fig. 5(a)), whereas Kmax,th thresholds and sub-
sequent growth rates are almost identical at  R =
0.1 and 0.5 when compared as a function of Kmax.

Such behavior is typical of many ceramics at lower
temperatures and indicates that fatigue-crack growth
rates are a much stronger function of Kmax than ∆K
(e.g. Refs[19, 20, 23, 25, 32, 49]). This can be seen by
expressing the growth-rate data in Fig. 5 in terms of a
modified Paris power-law relationship, which includes
the effect of both ∆K and Kmax [49], viz.

da/dN = C (Kmax) n (∆K) p , (2)

where,  compared to equation (1),   C = C′(1 – R) n

and n and p are experimentally determined crack-
growth exponents such that nominally (n + p) = m.
A regression fit to the data in Fig. 5, in units of m/
cycle and MPa√m, yields:

Table 1.  Cyclic fatigue-crack growth properties for ABC–SiC
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Fig. 4. Influence of loading frequency (3–1000 Hz) on cyc-
lic fatigue-crack growth rates, da/dN, in ABC–SiC as a
function of the applied stress-intensity range, ∆K, for the
tests conducted at  R = 0.1  at  temperatures between 25
and 1300°C.
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da/dN = 5.9×10-73 (Kmax)75.3(∆K)8.6  at 25°C ,    (3a)

da/dN = 3.3×10-61 (Kmax)73.7(∆K)13.2

at 1300°C .  (3b)

The large Kmax dependence is also reflected in the
increase in slope at higher load ratios when the
data are characterized in terms of ∆K. Specifically,
with increasing R from 0.1 to 0.5, values of the expo-
nent m in equation 1 are increased from ~68 to 93 at
25°C, and from 44 to 83 at 1300°C (Table 1).

3.1.5.  Effect of static vs cyclic loading. Similar to
zirconia [12, 13], alumina [19] and silicon nitride
[20], cyclic fatigue crack-growth rates in the ABC–
SiC at ambient temperature were significantly faster
than corresponding (static fatigue) crack-growth
rates under sustained loading at equivalent stress-
intensity levels, i.e. compared at a KI in static fati-
gue identical to  Kmax in cyclic fatigue (Fig. 6) for
an applied constant Kmax of 5.9 MPa√m at 25°C.
This is consistent with the fact that at low tempera-
tures, the crack-advance (damage) mechanisms are
identical under cyclic and static loading; it is the
cyclic-loading induced degradation in wake shield-
ing that accelerates the growth rates under cyclic
loads.  In contrast, behavior at elevated tempera-
tures is generally the opposite as the sustained-load
mechanism, i.e. creep, involving softening and cavi-
tation in the grain-boundary films, is generally far
more damaging [40]. However, for the present
ABC–SiC, this is clearly not the case. A similar
comparison at 1300°C of growth rates under static
and cyclic loads, at an applied constant Kmax,
reveals behavior similar to that at 25°C, i.e. signifi-
cantly faster crack-growth rates under cyclic loads.

3.2.  Microstructural  characterizations

3.2.1. Fracture surface. Scanning electron mi-
croscopy of room-temperature overload fracture
surfaces in ABC–SiC (Fig. 7) revealed a predomi-
nantly intergranular fracture characteristic of many
grain-bridging ceramics. Corresponding fatigue frac-
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Fig. 5.  Variation of cyclic fatigue-crack growth rates,
da/dN, at R = 0.1 and 0.5 with (a) ∆K and (b) Kmax, in
ABC–SiC at 25 and 1300°C, showing a large growth-
rate dependence on Kmax relative to ∆K.
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ture surfaces at 25°C (Fig. 8) display a similar inter-
granular morphology with the notable exception of
the presence crack-surface damage and extensive
debris. As reported previously for ABC–SiC [25,
26], such debris is formed by wear and abrasion of
the crack faces during cycling, consistent with the
frictional wear degradation of the grain-bridging
zone. Fracture surfaces were identical at loading
frequencies of 25 and 1000 Hz.

Corresponding fatigue fracture surfaces at
1300°C also show a predominantly intergranular
fracture covered with debris, with no apparent
change at 3 and 25 Hz (Fig. 9). Indeed, these frac-
ture surfaces are remarkably similar to those at
25°C, and again imply an intergranular crack-
advance mechanism coupled with frictional wear
degradation of the grain-bridging zone in the crack
wake. In stark contrast to the elevated temperature
behavior of silicon nitride [37, 39], alumina [33] and
silicide-matrix composites [44], no evidence of the
grain-boundary glassy phase, viscous bridging or
cavitated grain boundaries, indicative of creep
damage, is evident on fracture surfaces in this ma-
terial up to 1300°C.

3.2.2 Crack paths.  Metallographic sections taken
perpendicular to the crack surfaces confirm the
intergranular crack paths, the existence of grain
bridging, and the presence of debris inside the crack
during ambient temperature fatigue-crack growth,
as shown in Fig. 10  for frequencies of  25 and
1000 Hz. At 1300°C, crack paths show a similar
nature (Fig. 11) with clear evidence of grain brid-
ging and no evidence of microcracking zones, cavi-
tation or viscous-phase bridging, as is often

observed in Al2O3 and Si3N4 ceramics at these tem-
peratures [33, 37, 39, 44].

Transmission electron microcopy studies on
regions in the immediate vicinity of the crack tip
provided direct confirmation of these observations.
Akin to behavior at room temperature, for both
static and cyclic crack growth, crack extension was
predominantly along the grain boundaries with no
indication of cavitation damage near the crack tip
nor viscous-phase bridging in the crack wake (Fig.
12). Similar behavior was seen at 850 and 1200°C.

3.2.3. Grain-boundary structure. As noted above,
high-resolution transmission electron microscopy
clearly shows a small, ~1 nm thick, amorphous film
along grain boundaries in the as-processed con-
dition (Fig. 13(a)). However, due to thermal ex-
posure during high-temperature fatigue testing, this
glassy film fully crystallizes, as shown in Fig. 13(b)
following pre-exposure for 72 h at 1300°C. As the
newly formed crystallized phase is < 1 nm thick, it
is difficult to discern its identify or crystal structure;
however, its chemical composition is unchanged
during crystallization.

4. DISCUSSION

4.1.  Crack-growth behavior
The characteristics of cyclic fatigue-crack propa-

gation in ABC–SiC at elevated temperatures (850–
1300°C) appear to be unique compared to Al2O3
and Si3N4 ceramics. Similar to the latter materials,
growth rates are indeed accelerated, and fatigue
thresholds are decreased, with increasing tempera-
ture. However, in contrast to these materials:

Fig. 7.  Scanning electron micrograph of the fracture morphology of overload fracture in ABC–SiC
testing at room temperature, showing a primarily intergranular mode of fracture.
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•  no further acceleration in growth rates, and no
further degradation in thresholds, is seen at
1300°C, compared to behavior at 1200°C;

•  there is no apparent frequency effect on crack-
growth rates, identical to behavior at ambient
temperatures;

•  there is no evidence of creep damage, i.e., from
softening and/or cavitation within the grain-
boundary phase, nor crack bridging by viscous
films or ligaments;

•  fractography, crack-path sectioning and crack-tip

TEM imaging are all consistent with a predomi-
nantly brittle intergranular crack-advance
mechanism and the frictional degradation of
grain bridging in the crack wake, similar to beha-
vior at ambient temperatures;

•  crack velocities under cyclic loading are faster
than those under static loading when loaded at
equivalent stress-intensity levels.

Such characteristics strongly imply that the damage
and shielding mechanisms associated with fatigue-
crack propagation in the ABC–SiC ceramic are

Fig. 8.  Scanning electron micrographs of fatigue fracture surfaces in ABC–SiC at room temperature (R =
0.1) for frequencies of (a) 25 Hz and (b) 1000 Hz. Note in comparison to Fig. 7, the extensive crack
surface debris, consistent with the frictional wear degradation of the grain-bridging zone under cyclic
loading. Arrow indicates direction of crack growth.



Fig. 9.  Scanning electron micrographs fatigue fracture surfaces in ABC-SiC at 1300°C (R = 0.1) for
frequencies of (a) 25 Hz and (b) 3 Hz. Note the similarity to fatigue surfaces at 25°C (Fig. 8) with no
evidence of glass phase formation on the crack surfaces. (c) Remains of the triple-junction grain-bound-
ary phase can be seen in certain locations. Arrow indicates direction of crack growth.
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largely unchanged between room temperature and
1300°C. Specifically, the grain-bridging mechanism
seen at temperatures from ambient to as high as
1300°C occurs where the fracture is intergranular;
the elastic and frictional tractions generated via the
contact of opposing crack faces, during both initial
debonding of the grain and subsequent frictional
grain pullout, act to reduce the near-tip crack-driv-
ing force and hence retard subsequent crack exten-
sion. The basis for the cyclic component to fatigue-
crack growth in these instances is the cycle-depen-
dent, progressive suppression of such crack-tip

shielding in the crack wake. The minimal effect of
temperature and absence of any dependence of fre-
quency on growth rates confirms the lack of a vis-
cous component to such bridging in ABC–SiC.

4.2. Role of microstructure

Such behavior can be related to the nature of the
grain-boundary amorphous phase and the trans-
formations within this phase during prolonged
exposure at elevated temperatures. At ambient
temperatures, the grain boundaries in ABC–SiC

Fig. 10.  Scanning electron micrographs of the profiles of fatigue cracks propagating at room tempera-
ture (R = 0.1) at (a) 25 Hz and (b) 1000 Hz.  Note the intergranular crack path and bridging grains in
the crack wake, with evidence of debris products resulting from frictional wear of such bridges during
cyclic loading. Arrow indicates direction of crack growth.
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after processing contain a ~1-nm thick Al- and O-
rich amorphous film, with crystalline pockets at tri-
ple points. The existence of this phase promotes
intergranular cracking, thereby enhancing grain
bridging and the low-temperature fracture tough-
ness. However, it is seldom easy to develop high
temperature strength in a ceramic while maintaining
such low-temperature toughness as the intergranular
phase often becomes highly viscous at elevated tem-
peratures; the resulting softening and cavitation at
higher stresses and temperatures can lead to severe
creep damage.

Clearly such phenomena are not occurring in
ABC–SiC as the grain-boundary films are not
becoming viscous at elevated temperatures such
that the ambient-temperature mechanisms remain
active up to 1300°C. High-resolution transmission
electron microscopy studies in this work revealed
that the thickness of the glassy film is significantly
reduced due to crystallization following prolonged
thermal exposure during the fatigue tests. Parallel
studies on the creep properties of ABC–SiC at tem-
peratures between 1100 and 1400oC have also indi-
cated that substantial crystallization of amorphous

Fig. 11.    Scanning electron micrographs of the profiles of fatigue cracks propagating  at  1300°C
(R = 0.1) at (a–c) 3 Hz and (d–f) 25 Hz. Shown are (a,d) the crack-tip region, (b,e) ~150–200 µm
behind the crack tip, and (c,f) ~1 mm behind the crack tip. Note the similarity to fatigue crack paths
at room temperature. Arrows indicate direction of crack propagation.
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phase occur [50]. Indeed, the grain-boundary phase
appears to be fully crystalline, as shown in Fig. 13.
The kinetics of this transformation are currently
unknown, but it is clear that during the initial
stages of elevated temperature testing, this micro-
structural evolution is highly beneficial to the crack-
growth resistance of the material.

The consequences of this are that the mechanical
properties change with initial exposure to tempera-
tures above ~1100°C, due to the crystallization of
glassy phase. This is clearly demonstrated for
ABC–SiC, based on creep strength, fracture tough-
ness and fatigue testing.

4.2.1. Creep strength. Following an initial primary
creep stage with primary strain εp ≈ 0.001, steady-
state creep rates, ε! , in ABC-SiC are relatively low
[50],   i.e.  ε!  <  2 × 10 –10 /s  at  1200oC   and  ε! =
6 × 10 –10 /s at 1300oC under the load of σ = 100
MPa. In comparison, the commercial ceramic SiC-
Hexoloy exhibits far higher creep rates, i.e. εp ≈
0.018 and ε! ≈ 8.8×10–9 /s at 1200oC (σ =139 MPa).

Similarly, in Si3N4-GN-10, creep rates are an order
of magnitude faster, i.e.  εp  ≈  0.009,  ε! = 1.78 ×
10–9 /s at 1300oC (σ =100 MPa) [51]. Moreover, the
four-point bending strength at 1400oC was found to
be increased from an initial strength of 100 MPa to
200 and 235 MPa following exposure at 1500oC for
24 and 48 h, respectively, prior to testing [50].

4.2.2. Fracture toughness. Fracture toughness
values were also enhanced by prior high-tempera-
ture exposure. For as-processed ABC-SiC, Kc
toughness values measured on pre-cracked DC(T)
specimens were 6.2 MPa√m at 25°C and 4.4
MPa√m at 1300°C. However, following 85 h of
pre-exposure at 1300°C, these toughnesses were
increased by ~16–20% to 7.2 MPa√m at 25°C and
5.2 MPa√m at 1300°C.

4.2.3. Fatigue properties. Likewise, pre-exposure
at 1300°C for 85 hr had a marked effect on the
fatigue-crack propagation properties at ambient
temperatures. Compared to the as-processed con-
dition,  pre-exposure  resulted  in  a  shift of  the

Fig. 12.  Transmission electron micrographs of (a,c) the crack profiles and (b,d) microstructures near
the crack tip in ABC–SiC at 1300°C under (a,b) cyclic loading (R = 0.1, ν = 25 Hz, Kmax = 4.1 MPa√m)
and (c,d) sustained loading (KI = 4.1 MPa√m). Large arrows indicate the general direction of crack
propagation, and small arrows point to the primary cracks near the crack tip.
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Fig. 13.  High-resolution transmission electron micrographs of the grain boundaries in ABC–SiC in the
(a) as-processed, and (b) thermally exposed (1300°C for ~72 h) conditions. Note the complete crystalli-
zation of the amorphous phase after exposure compared to the glass film of  ~1 nm under as-
processed condition.
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entire growth-rate curve to a higher applied
threshold stress-intensity range, ∆Kth, from ~5.1 to
5.8 MPa√m (R = 0.1, ν = 25 Hz), with no visible
change in slope.

Such results are consistent with a recent study [52]
on a SiC-reinforced silicon nitride composite at
1200°C, where crystallization of the grain-boundary
glass phase produced a marked improvement in both
cyclic and static crack-growth resistance at high tem-
peratures, through reduced glass flow and crack-tip
cavitation. Moreover, after such crystallization, fati-
gue-crack growth rates were independent on fre-
quency between 2 and 20 Hz. Similarly, the literature
is rich with examples where the crystallization of the
grain-boundary phase leads to improved elevated
temperature properties [53–56].

In the present study, even though the primary
mechanisms of damage (intergranular cracking) and
shielding (frictional wear of the grain-bridging zone)
are apparently unchanged between 25 and 1300°C,
fatigue-crack growth rates are increased and ∆Kth
thresholds are some 30% lower at the higher tem-
perature. This may be rationalized by considering
models for grain bridging [57, 58] and the degra-
dation of such bridging under cyclic loading due to
frictional wear [14, 30]. The frictional pullout resist-
ance from sliding along grain boundaries at the
bridge-matrix interface can be represented by the
relationship between the bridging stress, p(u), and
the crack-opening displacement, 2u [58]:

p(u) = µ · σ N ( 1 –  u / uf )n (4)

where µ is the frictional coefficient between sliding
grain faces, σN is the normal stress acting on the
interface, which can be equated to the residual
stress resulting from thermal expansion anisotropy
during cooling from the processing temperature, 2uf
is the critical crack opening for bridge rupture (typi-
cally equal to the grain height), and n is an expo-
nent governing the decrease in frictional stress with
increase in u. Above ~800°C, the residual stresses
will “anneal out” such that σN will decrease with
increasing temperature. Without structural or
chemical changes in the grain-boundary phase such
that the frictional coefficient remains roughly con-
stant, the bridging stress will decrease with tempera-
ture, leading to a reduced crack-growth resistance.
However, at temperatures above 1100–1200°C
where crystallization can occur, the frictional coeffi-
cient may be expected to be increased, provided any
remnant glassy phase does not become viscous. It is
feasible that in this regime the decrease in σN is
compensated by the increase in µ, consistent with
the fact that the crack-growth resistance at 1300°C
is marginally superior to that at 1200°C.

4.3. Closing comments

In  many ceramics,  microstructural development

involves a compromise between low temperature
toughness, which is promoted by the presence of
the amorphous grain-boundary film, and high-tem-
perature creep strength, where the amorphous
phase can soften and become a preferred site for
creep damage by cavitation. The present material
appears to combine the “best of both worlds”,
where the intergranular amorphous phase, which
gives rise to reasonable low temperature toughness,
transforms by crystallization to a much more stable
phase at elevated temperatures. Although this
would occur in situ during high temperature service,
akin to metals, this does suggest that the overall
properties of many ceramics could be significantly
improved by prior heat treatment.

5.  CONCLUSIONS

Based on a study of elevated-temperature cyclic
fatigue-crack propagation behavior in an in situ
toughened monolithic silicon  carbide  with  Al,  B
and C additions (ABC–SiC), involving the use of
electrical-potential methods to continuously moni-
tor crack growth in situ at temperatures between
25-1300°C, the following conclusions can be drawn:
1. With increasing temperature from 25 to 1200°C,

fatigue-crack growth rates were increased and
the ∆Kth  threshold decreased  by  ~35%  from
5.1 MPa√m at  25°C to 3.4 MPa√m at 1200°C
(R = 0.1, ν = 3–25 Hz). However, there was no
further degradation in crack-growth resistance at
1300°C; growth rates and threshold values were
essentially identical to those measured at 1200°C.

2. At all temperatures, growth rates showed a
marked power-law dependence on the applied
stress-intensity level; in terms of a simple Paris
law representation, da/dN ∝  ∆K m, the exponent
m varied at R = 0.1 from 35 to 68, depending on
the temperature and loading frequency.

3. Cyclic crack growth rates were found to be
essentially independent of loading frequency,
both at room temperature (25–1000 Hz) and sur-
prisingly at elevated temperatures (3–25 Hz).
Threshold ∆Kth values showed only a minimal 3–
6% change, indicting that crack growth between
25 and 1300°C in this ceramic is predominantly
cyclic- rather than time-dependent.

4. At fixed ∆K levels, growth rates are accelerated
and thresholds ∆Kth reduced with increasing load
ratio (R = 0.1–0.5) at both 25 and 1300°C. This
results from a predominant dependence of
growth rates on  Kmax  rather than ∆K (i.e.
da/dN ∝  Kmax

74) at both low and high tempera-
tures. Consistent with this marked Kmax-depen-
dency, at the same Kmax level, crack velocities
under cyclic loads were significantly faster than
those under static loads at both 25 and 1300°C.

5. Mechanistically, crack-path profiles, fracture sur-
face morphologies and TEM imaging of the
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region directly ahead of the crack tip show a pre-
dominantly intergranular mechanism of crack
advance at both low and high temperatures with
crack-tip shielding by grain bridging in the crack
wake; the existence of extensive wear debris on
fatigue fracture surfaces furthermore suggests
that such bridging is degraded under cyclic load-
ing. No evidence of microcracking zones, creep
cavitation nor any form of viscous-ligament brid-
ging by the grain-boundary glassy phase was
seen at any temperature studied up to 1300°C.

6. Such observed behavior strongly suggests that
the damage and shielding mechanisms governing
high-temperature fatigue-crack growth behavior
in ABC–SiC up to ~1300°C are essentially
unchanged from those at ambient temperatures.
The absence of creep-induced softening and cavi-
tation in the grain-boundary glassy layer,
together with the occurrence of viscous-ligament
bridging, is attributed to the microstructural
evolution that occurs in ABC–SiC during the in-
itial stages of high-temperature ( > 1100°C) ex-
posure in the form of the crystallization of the
grain-boundary glassy phase.
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APPENDIX A

A1. Justification for the use of the stress intensity K
at elevated temperatures

To justify the use of the linear-elastic stress inten-
sity K to characterize crack growth at elevated tem-
peratures, the relative magnitudes of the fatigue
cycle time, tc, i.e.  the duration of the fatigue cycle,
tc = 1/ν, where ν is the frequency, and the transition
time, tT, which governs the transition from small-
scale creep to extensive creep at the crack tip, were
compared. Small-scale creep conditions exist when
tc<<tT; under these conditions, fatigue-crack growth
is essentially controlled by the mechanical loads, i.e.
the stress intensity factor K  (for static fracture) or
its range ∆K (for cyclic loading conditions). The
transition time is expressed in terms of Kmax the
maximum stress intensity in the cycle [59]:

*)1(
)1( 2

max
2

ECq
KtT +

−= υ (A1)

where υ is Poisson's ratio, q is the power-law creep
exponent, E is Young's modulus, and C* is the
steady-state creep parameter (a rate-dependent ana-
log of J), which is given by [60]:

)geometry,()/)((* 1
000 qhPPaWC n+−= σε! (A2)

where 0ε!  is the reference creep strain rate, σo is the
reference strength, W is the width of specimen, a is
the crack length, P is the applied load, Po is the
reference load, and h is a dimensionless function
dependent on q and specimen geometry.

For the ABC–SiC ceramic, the values of the
power-law creep exponent q and constant A are
0.77 and 1.76×10 –11 MPa–n s–1, respectively [50].

Using equations (2) and (3)  with  υ = 0.2,  E =
400 GPa,  Kmax = 4.5 MPa√m, σo = 620 MPa, W =
28 mm and  a = 14 mm,  a conservative estimate
of the transition time tT is ~2500 s. Since at the
lowest frequency used of 3 Hz the fatigue cycle time
tc is 0.33 s, we conclude that since tc << tT for all
tests, the stress intensity K is an appropriate par-
ameter to characterize crack growth in the present
work.

APPENDIX B

B1. Electrical potential-drop crack length monitoring
in ceramics

The electrical potential-drop technique operates
on the concept that if a constant current is passed
through a test specimen containing a crack, its
electrical resistance (and hence the voltage
measured across the crack) will increase with
increase in crack length. Since the basic require-
ment is that the test material must be conductive,
this rules out most structural ceramics. Thin met-
allic films can be affixed to the surface of non-con-
ducting specimens and, although this works well at
ambient temperatures [6, 12], it is generally un-
suitable for operation above ~900°C. Silicon car-
bide, however, does display some degree of
electrical conductivity. At room temperature, its
electrical resistivity (ρ = ~ 10 4 Ω cm) is too high to
use the technique effectively. At elevated tem-
peratures, on the other hand, there is roughly three
orders  magnitude  decrease   in   the   resistivity
(ρ = ~ 10 1 Ω cm above 600°C), as shown in Fig.
A1. Since the electrical resistance between two po-
tential measurement leads located ~1 mm above
and below the notch in, say, a compact-tension
specimen is now 20–50 Ω, the electrical-potential
crack monitoring technique can be readily employed
using standard calibrations [48].

Fig. A1.  Relationship between electrical resistivity and
temperature in ABC–SiC, where ρo is the resistivity at
room temperature.
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