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Mo-Si-B intermetallics consisting of the phases Mo3Si and Mo5SiB2, and a molybdenum solid solution
(“�-Mo”), have melting points on the order of 2000 °C. These alloys have potential as oxidation-
resistant ultra-high-temperature structural materials. They can be designed with microstructures con-
taining either individual �-Mo particles or a continuous �-Mo phase. A compilation of existing data
shows that an increase in the volume fraction of the �-Mo phase increases the room-temperature
fracture toughness at the expense of the oxidation resistance and the creep strength. If the �-Mo phase
could be further ductilized, less �-Mo would be needed to achieve an adequate value of the fracture
toughness, and the oxidation resistance would be improved. It is shown that microalloying of Mo-
Si-B intermetallics with Zr and the addition of MgAl2O4 spinel particles to Mo both hold promise in
this regard.

I. INTRODUCTION

THE design of structural materials with properties exceed-
ing those of nickel-base superalloys presents considerable
challenges. First, the melting point of such materials needs
to be well above that of nickel-base superalloys. Second, a
sufficient degree of oxidation resistance is required. Third,
the service temperature for creep needs to be significantly
higher than that for nickel-base superalloys. Fourth, the frac-
ture toughness must be adequate. The number of materials
systems with the potential to meet all of these requirements
is limited. Presently, niobium silicides, molybdenum borosili-
cides, and precious metal superalloys are the main metallic
systems under investigation.[1] Each of these systems has its
merits. For example, niobium silicides have a relatively low
density and tend to be ductile at room temperature. Molyb-
denum borosilicides exhibit some degree of oxidation resis-
tance as long as the volume fraction of �-Mo (the solid
solution Mo phase) is not too high. Precious metal superal-
loys are oxidation resistant and amenable to the same strength-
ening mechanism as �-�� nickel-base superalloys. However,
these systems also have significant disadvantages. Niobium-
based systems suffer from poor oxidation resistance. Molyb-
denum-based systems have a relatively high density and
marginal ductility, and, for low Si and B concentrations,
they suffer from poor oxidation resistance. Precious metal
superalloys exhibit very high densities and are very expen-
sive. Clearly, there are no simple answers in the quest to
find materials systems with properties beyond those of nickel-
base superalloys.

This article focuses on molybdenum borosilicide alloys
containing a molybdenum solid solution phase to provide
toughening and builds on our earlier work on this topic.[2]

Mo-Si-B alloys containing �-Mo were pioneered by Berczik.[3,4]

Figure 1 shows the appropriate section of the Mo-Si-B phase
diagram.[5] The alloys considered in the present work are all
in the Mo-Mo3Si-Mo5SiB2 phase triangle highlighted in Fig-
ure 1. Mo3Si exhibits the A15 crystal structure and is brit-
tle.[6] Its equilibrium silicon concentration is 0.5 or 1 at. pct
lower than the stoichiometric value.[6,7] Mo5SiB2 (“T2”)
exhibits a tetragonal crystal structure with the Cr5B3 struc-
ture type, with 32 atoms in the unit cell; like Mo3Si, it is
brittle.[8]

The goal of this article is twofold. First, based on exist-
ing data, the dependence of properties such as oxidation resis-
tance, fracture toughness, ductility, and creep strength on the
volume fraction and distribution of the �-Mo phase will be
summarized. Second, ways to improve the room-temperature
ductility of the �-Mo phase will be discussed. If this ductil-
ity can be improved, the volume fraction of �-Mo needed
to achieve the required level of fracture toughness will be
reduced, thereby allowing for improved oxidation resistance.

II. EXPERIMENTAL PROCEDURES

In order to assess the toughening effects of up to 3 at. pct
Zr additions, Mo-Zr-Si-B alloys were prepared by arc melt-
ing elemental starting materials in a partial pressure of argon
(70 kPa) on a water-cooled copper hearth. The purities of
the starting materials Mo, Si, B, and Zr were 99.95, 99.99,
99.5, and 99.5 wt pct, respectively. The alloy compositions
were Mo-12Si-8.5B-xZr, where x is 0 to 3 at. pct. Unless
stated otherwise, alloy compositions will be given in atomic
percent. The alloys were remelted several times in order to
improve their homogeneity and drop cast into cylindrical
water-cooled copper molds with a diameter of 12.5 mm.
Bend bars with a cross section of 3 � 4 mm were elec-
trodischarge machined. They were chevron-notched at
midlength with a diamond blade producing approximately
100-�m-wide cuts. The resulting triangular area holding the
specimen together in its middle was approximately 3-mm
wide and 2-mm high. The chevron-notched specimens were
tested in three-point bending with a loading span of 20 mm
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Fig. 1—Ternary Mo-Si-B phase diagram with axes given in atomic fractions.

and a crosshead speed of 10 �m/s. A provisional fracture
toughness Kq was determined from the relationship[9]

[1]

where E is Young’s modulus, G � W/A is the work W
expended during fracture divided by the area A swept out by
the crack, and � is Poisson’s ratio. The fracture toughness val-
ues determined with this technique tend to be somewhat higher
than those determined with more rigorous techniques. On
the other hand, this technique requires less sample material,
is simpler to implement than more rigorous techniques, and
is considered suitable for comparative purposes.

Additionally, the effect of 9 vol pct of MgAl2O4 spinel
particles on the ductility of molybdenum was assessed using
Mo powder (2 to 8 �m) that was hot pressed with and with-
out MgAl2O4 spinel particles (�325 mesh, 	45 �m) in vacuo
(mechanical pump) in a graphite die for 4 hours at 1800 °C
and a pressure of 21 MPa. Bend bars with a cross section of
3 � 4 mm were fabricated from the hot-pressed coupons by
electrodischarge machining and grinding with SiC paper to
a 600-grit final finish. They were tested at room temperature
in a three-point bending fixture, again with a loading span
of 20 mm and a crosshead speed of 10 �m/s.

Metallography specimens were prepared by grinding,
mechanical polishing, and etching in Murakami’s reagent.
Microstructural examination was carried out by optical
microscopy as well as by scanning electron microscopy
(SEM).

III. RESULTS AND DISCUSSION

A. Processing and Microstructure of Mo-Si-B Alloys

The microstructures of Mo-Si-B alloys are characterized
by three parameters. First, the morphology is important, i.e.,
whether the �-Mo phase occurs in the form of discontinuous
particles in a continuous Mo3Si-Mo5SiB2 matrix, or whether

Kq � [EG/(1 � n2)]
1>2 

particles of Mo3Si-Mo5SiB2 are distributed in a continuous
matrix of �-Mo. Although a third morphology of interpene-
trating continuous networks of �-Mo and intermetallic is fea-
sible, it is not discussed here. Second, the volume fraction of
the toughening �-Mo phase is of key importance. Third, the
size scale of the �-Mo phase is significant. Figure 2(a) shows
the microstructure of cast and annealed Mo-12Si-8.5B.[10] The
�-Mo (the bright phase) is distributed in the form of large
primary and small secondary particles in a matrix consisting
of Mo3Si and Mo5SiB2. One can also produce microstructures
in which the �-Mo is continuous.[11] This may, for example,
be achieved by casting a Mo3Si-Mo5SiB2 intermetallic with
the composition Mo-20Si-10B (which is a mixture of Mo3Si
and Mo5SiB2), crushing it into powder, and then vacuum
annealing it. Vacuum annealing of the powder for hours or
days at 1600 °C removes the Si as volatile SiO or Si vapor
and leaves a Mo-rich coating behind. The resulting Mo-coated
powder is then consolidated by hot-isostatic pressing. Fig-
ure 2(b) illustrates such a microstructure.[2] By varying the
particle size of the crushed powder and the time of annealing,
the scale and volume fraction of the �-Mo phase can be

Fig. 2—SEM micrographs of (a) Mo-12Si-8.5B, arc-cast followed by
annealing for 24 h at 1600 °C; and (b) Mo-Si-B consolidated from vacuum-
annealed Mo-20Si-10B powders by hipping for 4 h at 1600 °C and 207 MPa
(30 ksi). The �-Mo volume fractions (bright phase) are 42 and 34 vol pct,
respectively.
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Fig. 4—Specific mass loss of Mo-Si-B alloys after oxidation for 20 to 24 h
at 1200 °C and 1300 °C in air, as a function of �-Mo volume fraction. The
black dots correspond to specimens containing individual �-Mo particles,
tested at 1200 °C; the open circles correspond to specimens with a con-
tinuous �-Mo matrix tested at 1200 °C; and the squares correspond to
cast specimens tested at 1300 °C.

engineered within a wide range. For example, the size scale
of the �-Mo phase in Figure 2(b) is much coarser than that
in Figure 2(a), thus illustrating the flexibility of microstruc-
tural design of these alloys.

B. Oxidation Resistance of Mo-Si-B Alloys

Akinc et al.[12] have identified the substantial improvement
in the oxidation resistance of molybdenum silicides by boron
additions. Even when an alloy contains �-Mo, boron can
improve the oxidation resistance substantially. A common
feature of the oxidation behavior of these alloys is an initial
region of fast mass loss followed by a region of much slower
mass change. The initial mass loss is due to the rapid evap-
oration of Mo as MoO3. Once a sufficient quantity of MoO3

has evaporated, the Si and B concentration on the surface
becomes high enough to form a protective borosilicate film.
Figure 3 illustrates the fast initial weight loss for two Mo-
Si-B alloys with different �-Mo volume fractions.[2] Both
alloys were hot-isostatically pressed (“hipped”) from pow-
ders subjected to the Si evaporation process in order to make
the �-Mo matrix approximately continuous. As expected, the
rate of the mass loss increases as the �-Mo volume fraction
increases. Figure 4 shows mass loss data as a function of
the �-Mo volume fraction. The filled circles correspond to
cast and annealed microstructures containing individual �-Mo
particles and were obtained with a single 24-hour cycle.[13,14]

The open circles (Reference 2 and Figure 3) are for a nom-
inally continuous �-Mo matrix and correspond to 20 one-
hour cycles at 1200 °C. The squares correspond to cyclic
oxidation at 1300 °C in air.[15] Since the oxidation rates at
1300 °C are similar to those at 1200 °C,[13] the scatter in the
data is unlikely to be caused by the difference in the two
temperatures. There are other factors that can introduce vari-
ations in the oxidation rate. For example, Supatarawanich
et al.[15] found that the oxidation resistance at 1300 °C was
improved if the Mo3Si/T2 ratio was increased. They also
found that the measured volume fraction depended on the
particular technique employed; point counting on metallo-
graphic cross sections usually resulted in higher �-Mo vol-

ume fractions than calculations based on the isothermal
1600 °C phase diagram. In view of all these confounding
variables, it is difficult to verify whether the oxidation rates
of specimens with continuous �-Mo are significantly higher
than those of specimens with discontinuous �-Mo. The pur-
pose of the data is mainly to serve as a guide for further
work. Again, it is worth pointing out that after the initial
mass loss, the rate of oxidation decreases significantly, i.e.,
mass loss rates obtained after the initial fast loss will be much
smaller than those implied by Figure 4. This suggests that
surface treatment to promote a borosilicate layer prior to ser-
vice may reduce some of the detrimental effects that a high
�-Mo content has on the oxidation resistance.

C. Mechanical Properties of Mo-Si-B Alloys

1. Creep strength
Figure 5 shows the dependence of the compressive creep

strength of Mo-Si-B alloys on the �-Mo volume fraction.
The creep strengths were defined as the stress reached at 2 pct

Fig. 3—Cyclic oxidation of Mo-Si-B alloys with different �-Mo volume
fractions, at a temperature of 1200 °C and for 1-h cycles. The alloys were
hipped Mo-20Si-10B powders (45 to 90 �m) that were vacuum annealed
for different times to produce different �-Mo volume fractions.

Fig. 5—Creep strength of Mo-Si-B alloys at 1200 °C as a function of the
�-Mo volume fraction. The black dots correspond to specimens contain-
ing individual �-Mo particles, as well as pure Mo; and the circle to a spec-
imen with a continuous �-Mo matrix.
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Table I. Tensile Creep Rates for Mo-12Si-8.5B at 1200 °C

Stress, MPa Strain Rate, s�1

50 2.1 � 10�8

75 4.5 � 10�8

100 1.4 � 10�7

Fig. 6—Room-temperature fracture toughness as a function of the �-Mo
volume fraction. Full and open symbols denote standard and nonstandard
tests, respectively (Table II).

plastic deformation in constant displacement experiments
with an initial strain rate of 10�5 s�1. For simplicity, the
potential effect of the Mo3Si/T2 ratio on the creep strength
has been ignored. The black dots correspond to microstruc-
tures with individual �-Mo particles, as well as a pure Mo
specimen, and have been fitted by a straight line, while the
open point corresponds to a continuous �-Mo phase.[10]

The creep strength of pure Mo was extrapolated from
creep experiments carried out at 1200 °C and 69 MPa, which
resulted in a strain rate of 6 � 10�5 s�1.[16] As can be seen, a
decrease in the �-Mo volume fraction, i.e., an increase in
the Mo3Si-Mo5SiB2 volume fraction, gives rise to substan-
tial creep strengthening. If the �-Mo is present in the form
of a continuous matrix, the creep strength is relatively low
(open circle in Figure 5).

One tensile creep test was carried out at 1200 °C in argon,
for a material with the composition Mo-12Si-8.5B contain-
ing discontinuous �-Mo.[17] The stress was ramped up in
three steps, until the specimen fractured at a plastic strain
of 2.5 pct. The creep rates observed for the different applied
stresses are listed in Table I.

It should be pointed out that alloying additions can
increase the creep strength significantly. Compression tests
showed that partial substitution of Mo with 19.5 at. pct
Nb increases the creep strength by approximately a factor
of 2.[10]

2. Ductility
To date, not many tensile tests have been reported

for Mo-Si-B alloys. A cast and annealed Mo-12Si-8.5B
specimen tested in flowing nitrogen at 1520 °C fractured at
a plastic strain of 0.3 pct.[18] This alloy contained approximately
40 vol pct of particulate �-Mo in a Mo3Si-Mo5SiB2 matrix.
Its low ductility is probably due to the presence of the con-
tinuous, brittle Mo3Si-Mo5SiB2 matrix. For a continuous �-Mo
phase, higher ductility values are expected. Indeed, an alloy
with 49 vol pct of continuous �-Mo matrix exhibited a frac-
ture strain of 1.8 pct at 1200 °C in vacuum.[19]

3. Room-temperature fracture toughness
A major difference of Mo-Mo3Si-Mo5SiB2 intermetallics,

as compared to typical structural ceramics, is the presence of
the ductile �-Mo phase. Figure 6 illustrates the pronounced
increase in the room-temperature fracture toughness as the
�-Mo volume fraction increases; details of the data are listed
in Table II. For a continuous �-Mo matrix with a large size
scale, Kruzic et al.[19] showed that substantial initiation frac-
ture toughness values and pronounced R-curve behavior can
be obtained. For a specimen containing 49 vol pct of contin-
uous Mo phase, an initiation toughness of was
measured, while a maximum value of was
reached after �3 mm of stable crack extension (Figure 6). Unfor-
tunately, the extremely high fracture toughness values afforded
by these high �-Mo volume fractions are accompanied by a
serious degradation in the oxidation resistance (Figure 4).

21 MPa1m
12 MPa1m

In general, high fracture toughness values are achieved
with a large volume fraction of a continuous, coarse �-Mo
phase. Good oxidation resistance is achieved by low vol-
ume fractions of �-Mo. The requirements for high fracture
toughness thus run opposite to those for good oxidation resis-
tance. If the ductility and fracture toughness of the �-Mo
phase could be improved, less �-Mo would be required to
obtain a Mo-Si-B alloy with satisfactory fracture toughness
and ductility. A smaller volume fraction of �-Mo, in turn,
would result in an improved oxidation resistance of the alloy
(Figure 4).

Figure 7 shows an SEM micrograph of the fracture sur-
face of a high-toughness Mo-Si-B specimen with 49 vol pct
of continuous �-Mo (Figure 6). The micrograph shows
regions of cleavage fracture that correspond mostly to frac-
ture of the Mo3Si and Mo5SiB2 intermetallic particles, while
the �-Mo phase exhibits a large percentage of intergranu-
lar fracture. It is likely that its ductility will increase if the
incidence of intergranular fracture can be minimized. There-
fore, there is potential for improving the already high frac-
ture toughness of this alloy even further. In Section D, several
possibilities for improving the ductility of the �-Mo phase
will be discussed, and exploratory experimental work will
be presented.

D. Improving the Ductility of the �-Mo Phase

1. Mo ligament size
Materials with bcc crystal structures, such as Mo, often

fail by cleavage. Cleavage fracture can be nucleated by the
high stresses ahead of dislocation pileups. If the material
thickness is smaller than the length of the pileups required
to nucleate a cleavage crack, cleavage fracture will not occur.
This has been demonstrated for the room-temperature frac-
ture of FeAl ligaments in FeAl composites containing TiC
particulates.[23] Ligaments thicker than 1 to 2 �m showed
limited necking, but fracture occurred ultimately by cleav-
age. In ligaments thinner than 1 to 2 �m, ductile chisel-type
fracture occurred. It is conceivable that a similar transition
occurs in the �-Mo phase in Mo-Si-B alloys. The change
in fracture mode is expected to improve the energy dissi-
pation and the fracture toughness. However, the effective-
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Table II. Room-Temperature Fracture Toughness Data for Mo-Si-B Intermetallic Alloys

Composition, At. Pct �-Mo, Vol Pct Test Method Fracture Toughness, Reference

Mo-18.2Si-13.6B 0 Chevron-notch specimen 3.3 14
Mo-15.3Si-11.5B 18 (discontinuous) Chevron-notch specimen 6.2, 5.8, 6.1, 7.2 14
Mo-16.8Si-8.4B 21 (discontinuous) indentation; razor micronotch 4.1, 4.3 21
Mo-12Si-8.5B 38 (discontinuous) Chevron-notch specimen 9.1, 9.8 14
Mo-12Si-8.5B 38 (discontinuous) precracked disk compact 7.2, 7.8 (after 

tension crack advance) 22
49 (continuous) precracked disk compact 12; 21 (after 3-mm 

tension crack advance) 19
Mo-1 wt pct Zr 100 (continuous) similar to ASTM E399 17 20

MPa1m

Fig. 7—SEM micrograph of fracture surface of Mo-Si-B alloy with 49
vol pct continuous �-Mo. The initiation fracture toughness for this alloy
was ; a value of was reached after the crack
propagated 3 mm (Fig. 6).

21 MPa1m12 MPa1m

ness of ductile-phase toughening decreases with decreasing
ligament size.[24] Therefore, when the thickness of the �-Mo
ligaments decreases, the overall fracture toughness of a
Mo-Mo3Si-Mo5SiB2 alloy is determined by two competing
processes: the increase in the fracture toughness due to the
transition from cleavage to chisel-type fracture, and the
decrease in the fracture toughness caused by the decreasing
thickness of the ligaments. Therefore, this mechanism can
give, at best, an arrest in the general decrease of the frac-
ture toughness as the ligament size of the toughening phase
is decreased.

2. Microalloying additions
As shown by Kumar and Eyre,[25] the room-temperature

ductility of molybdenum is sensitive to interstitials such as
oxygen and carbon. If the grain boundaries contain too much
oxygen, intergranular fracture occurs and the ductility
decreases. Wadsworth et al.[26] pointed out that the atomic
ratio of C/O must be greater than 2 for satisfactory ductility
to occur. While the effects of carbon and oxygen interstitials
on the �-Mo phase in Mo-Si-B alloys have not been stud-
ied to date, it is well known that additions of reactive ele-
ments such as Zr and Ti are beneficial for the mechanical
properties of molybdenum alloys such as TZM (Mo-0.5Ti-
0.1Zr, wt pct). These reactive elements getter interstitials
such as C and O (although it is not clear in which way they

would influence the C/O ratio). They are typically added as
microalloying additions, i.e., with concentrations on the order
of 1 at. pct or less. In order to determine whether Zr might
be beneficial for the fracture toughness of Mo-Si-B alloys,
Mo-12Si-8.5B (Figure 2(a)) was alloyed with up to 3 at. pct
Zr, where the Zr was expected to substitute for Mo. In order
to determine the trends in the fracture toughness, three-point
flexure tests with chevron-notched specimens were carried
out as described previously. While the values obtained from
these tests are not rigorous, they provide the trend in the frac-
ture toughness as a function of the Zr concentration. The
detailed data for the chevron-notched flexure tests are listed
in Table III. Figure 8 shows that the fracture toughness reaches
a maximum at approximately 2 at. pct Zr. The exact rea-
sons for the improvement in the fracture toughness are not
known at this time. Since it is unlikely that the Zr additions
would improve the toughness of the brittle Mo3Si and T2
phases, it is suggested that the fracture toughness improve-
ment is due to an improvement in the ductility of the �-Mo
phase. A titanium addition of 1.5 at. pct, on the other hand,
did not increase the fracture toughness noticeably—the value
for Mo-12Si-8.5B was and that for
Mo-1.5Ti-12Si-8.5B was .[27]

3. MgAl2O4 spinel additions
Recently, Brady et al.[28] reinvestigated a ductilizing mech-

anism for chromium that was pioneered by Scruggs et al.[29]

in the 1960s. When a few vol pct of MgO particles are added
to Cr powder, the MgO transforms to MgCr2O4 spinel dur-
ing subsequent powder-metallurgical (PM) processing. At
room temperature, Cr with spinel particles is more ductile
than “pure” Cr. This is counterintuitive since addition of
brittle oxide particles would be expected to embrittle the Cr
even further. Scruggs attributed the ductility improvement
to the gettering of residual nitrogen by the spinel and the
accompanying purification of the matrix. Although Brady
et al.[28] concur that gettering of nitrogen is involved in the
ductilization of the Cr, they could not find nitrogen within
the spinel particles themselves. Rather, the nitrogen appeared
to be segregated at the particle-matrix interfaces. Also, since
other nonductilizing oxide dispersions also showed nitro-
gen segregation, additional factors must be involved in the
ductilization.

Scruggs also applied his method to Mo[30] and found that
its room-temperature ductility could be improved by addi-
tion of MgAl2O4 spinel particles. A preliminary experiment
was carried out with PM-processed Mo and Mo-9 vol pct
MgAl2O4 spinel. Figure 9 illustrates that the spinel-containing
Mo exhibits larger flexure ductility than the nominally pure

10.0 
 0.8 MPa1m
9.0 
 0.8 MPa1m
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Table III. Fracture Toughness Kq of Mo-Si-B Alloys Microalloyed with Zr

Area of Triangle
Nominal Broken during Kq, , Average 

Composition At. Pct Test, mm2 Absorbed Energy, mJ G, J/m2 Kq, Standard Deviation

Mo-12Si-8.5B 2.94 0.68 231 9.1 9.0 
 0.8
Mo-12Si-8.5B 2.88 0.775 267 9.8
Mo-12Si-8.5B 3.19 0.603 189 8.2
Mo-12Si-8.5B-1Zr 2.82 1.09 432 12.4
Mo-12Si-8.5B-1.5Zr 3.05 1.575 516 13.6 13.5 
 0.7
Mo-12Si-8.5B-1.5Zr 2.89 1.32 457 12.8
Mo-12Si-8.5B-1.5Zr 3.48 1.93 555 14.1
Mo-12Si-8.5B-3Zr 2.54 1.284 466 12.9 12.6 
 0.5
Mo-12Si-8.5B-3Zr 2.76 1.149 416 12.2

MPa1m
MPa1m

Fig. 8—Room-temperature fracture toughness of Mo-xZr-12Si-8.5B as a
function of the Zr concentration.

Fig. 9—Room-temperature flexure tests with Mo and Mo-9 vol pct
MgAl2O4.

Mo reference specimen. While this result is encouraging, it
needs to be viewed with caution. As Wadsworth et al.[26]

point out, the ductility of Mo can vary widely depending on
the C/O ratio and can reach values as high as 40 pct. In
assessing the spinel ductilizing effect, it is of questionable
value to use the ductility of “pure” molybdenum as a base
line. The spinel ductilization effect will be more convinc-

ingly demonstrated if a regime can be found in which the
ductility increases as the spinel volume fraction increases.

4. Macroalloying with rhenium
It is well established that the room-temperature ductility

of Mo can be improved, and the ductile-to-brittle transition
temperature reduced, by adding substantial (40 wt pct)
amounts of Re. A recent review on this topic was given by
Agnew and Leonhardt.[31] It is not known at this time how
Re would partition into the different phases in Mo-Si-B, and
whether they would remain stable. Also, whereas nominally
pure Mo is ductilized by additions of Re, it is not known
whether a Mo solid solution containing 2.5 at. pct Si would
be ductilized. However, in view of the success of Mo-Re,
it is worth assessing the effect of Re on the ductility and
fracture toughness of Mo-Si-B alloys.

IV. CONCLUSIONS

When considering the suitability of Mo-Si-B–based mater-
ials for high-temperature structural applications, several prop-
erty tradeoffs must be considered. We have illustrated that
oxidation resistance and creep strength, on the one hand,
and room-temperature fracture toughness, on the other,
depend in opposite ways on the volume fraction of the �-Mo
solid solution. In addition, factors such as morphology and
size scale of the microstructure must be considered. The
room-temperature fracture surface of a high-toughness Mo-
Mo3Si-Mo5SiB2 specimen indicated a substantial fraction of
intergranular fracture of the Mo phase. The presence of inter-
granular fracture suggests that the ductility of the Mo phase,
and thus its toughening efficiency, can be further increased.
Several routes to do this have been presented; in particular,
microalloying with Zr has been shown to be effective, and
additions of MgAl2O4 spinel to Mo also hold promise. If the
Mo phase can be ductilized sufficiently, adequate fracture
toughness may be achieved with a smaller amount of �-Mo,
and consequently, the oxidation resistance may be improved.
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