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               Introduction 
 One of the hallmarks of modern materials science is the attempt 

to understand material behavior over a range of length scales, 

from nanoscale to macroscopic dimensions. This “mesoscale” 

(or multiscale) perspective is imperative, as materials, especial-

ly biological and natural materials, have characteristic structural 

features that span most of these length scales; moreover, it is at 

these differing scales where their specifi c properties originate. 

An excellent case in point is human bone, which like most bio-

logical materials has a complex hierarchical structure spanning 

from atomic dimensions, where the twisting of peptide chains 

form collagen molecules, to the osteonal structures at near-

millimeter dimensions (i.e., the roughly cylindrical structures 

in cortical bone through which bone remodels) (  Figure 1  ).  1 , 2 

 Distinguishing these scales is critical, as the mechanisms 

that contribute to strength and ductility in bone, specifi cally 

those associated with the generation of plasticity, are created 

largely at submicrometer dimensions, similar to the nanoscale 

dimensions of the Burger’s vectors that control dislocation 

plasticity in metals. Toughness for bone, however, is  additionally

generated at much coarser dimensions—at the tens to hundreds 

of microns—as the crack path interacts with the bone-matrix 

structure. These crack/microstructure interactions primarily 

involve large structural features such as osteons, which serve 

to generate crack defl ection and bridging mechanisms that 

“shield” the crack from the applied driving force (i.e., they 

lessen the local stresses and strains experienced by the crack).  3 

Indeed, the union of these mechanisms represents the essence 

of fracture resistance in materials: respectively, intrinsic 

toughening arising from resistance to damage  ahead  of the 

tip of a crack, motivated by plasticity mechanisms generated 

at the nanoscale, paired with extrinsic toughening associ-

ated with crack-tip shielding mechanisms generated at the 

microscale largely  behind  the crack tip ( Figure 1 ).  4 

 To explore the relevance of these multiple-scale concepts 

to the overall mechanical behavior of materials, we need to 

characterize both structure and mechanical properties at many 

differing dimensions. Here, we describe the use of several 

such techniques involving macroscale fracture mechanics, 

microscale  in situ  x-ray computed microtomography ( μ -CT) 

and scanning electron microscopy, and nanoscale  in situ

small-/wide-angle x-ray scattering/diffraction (SAXS/WAXD) 

to examine the sources of structural damage and fracture 

resistance in several divergent classes of materials, specifi cally 

            In pursuit of damage tolerance in 
engineering and biological materials 
       Robert O.     Ritchie      

    This article is based on a presentation given by Robert O. Ritchie for the David Turnbull Lectureship 

on December 3, 2013, at the Materials Research Society Fall Meeting in Boston. Ritchie received this 

award for his “pioneering contributions to, and teaching us all how to think about, the mechanistic role 

of microstructure in governing fatigue and fracture in a variety of materials systems, and communicating 

his scientifi c insights to the world audience through eloquent lectures and seminal publications.”           

 The ability to image and quantify material behavior in real time at nano to near-macro length 

scales, preferably in three dimensions, is a crucial feature of modern materials science. Here, 

we examine such an approach to characterize the mechanical properties of three diverse 

classes of materials: (1) biological materials, principally bone, using both  in situ  small-/

wide-angle x-ray scattering/diffraction to probe nanoscale deformation behavior and x-ray 

computed microtomography to study microscale damage mechanisms; (2) biomimetic 

materials, specifi cally a nacre-like ceramic, where microtomography is used to identify 

toughening mechanisms; (3) synthetic materials, specifi cally ceramic textile composites, 

using  in situ  microtomography to quantify the salient mechanical damage at ultrahigh 

temperatures. The mechanistic insights for the understanding of damage evolution and 

fracture afforded by these techniques are undeniable; as such, they can help provide a basis 

for the achievement of enhanced damage tolerance in structural materials.     

  Robert O.   Ritchie  ,    Department of Materials Science and Engineering ,  University of California ,  Berkeley ,  USA ;  roritchie@lbl.gov  
 DOI: 10.1557/mrs.2014.197 



 IN PURSUIT OF DAMAGE TOLERANCE IN ENGINEERING AND BIOLOGICAL MATERIALS   

881 MRS BULLETIN     •     VOLUME 39     •     OCTOBER 2014     •     www.mrs.org/bulletin 

biological materials such as bone, mollusk shells and their 

man-made biomimetic counterparts, and ultrahigh-temperature 

ceramic-matrix composites (CMCs) designed for gas-turbine 

and hypersonic applications.   

 Techniques 
 To characterize the deformation and fracture properties of 

materials over a range of length scales, we utilized several 

experimental techniques. At the macroscale, we use standard 

uniaxial tensile/bend testing and fracture mechanics method-

ologies. However, to add real-time imaging and quantifi cation 

of material behavior at smaller length scales, these routine 

tests can be performed  in situ  in the x-ray synchrotron and 

in the environmental scanning electron microscope (eSEM). 

With respect to the former, the application of two specifi c 

procedures are described here where  in situ  tensile testing is 

carried out (1) on samples of bone with simultaneous SAXS/

WAXD analysis to partition the strain between the collagen 

and mineral,  5   and (2) on biomimetic ceramics and ceramic-

matrix composites, with simultaneous  μ -CT to image and 

quantify the crack paths and damage mechanisms at tempera-

tures up to 1850°C.  6   We also show how  in situ  fracture-toughness 

testing inside the eSEM to determine crack-resistance curves 

(R-curves) *  can provide crucial information 

on crack-path interactions with relevant micro-

structural features that form the basis of extrin-

sic toughening.  

 SAXS/WAXD 
 Strength and ductility measurements are 

made using uniaxial tension tests under con-

ditions where simultaneous SAXS/WAXD 

patterns can be obtained in real time. For bone, 

this enables estimation of the individual 

strains in the collagen and mineral phases 

at any given strain on the whole tissue. As 

shown in   Figure 2  , hydrated samples are 

mounted in a load frame in the synchrotron 

facility with the long axis oriented perpen-

dicular to a parallel beam of monochromatic 

10 keV x-rays.  7   During loading, SAXS/WAXD 

measurements are taken at various points 

along the stress/strain curves; radiation dos-

es are maintained below 30 kGy to minimize 

tissue damage. In the case of the SAXS mea-

surements, it should be noted that the meridi-

onal collagen molecules in the fi bril have 

a staggered spacing of  ∼ 67 nm (where the 

mineral is deposited between the heads and 

tails of the collagen), leading to a diffraction 

pattern. In the case of the WAXD measure-

ments, the detector is placed much closer to 

the sample and oriented to get diffraction of 

the (0002) peak (which is parallel to the long 

axis of the collagen molecules) at a mineral 

lattice spacing of  ∼ 0.344 nm. Details on this technique are 

given elsewhere.  5 , 7         

 X-ray computed microtomography 
 For synchrotron computed microtomography of bone, we 

use 18 keV incident x-ray energy with a 350 ms exposure time, 

giving a spatial resolution between 0.65 – 1.8  μ m per voxel. 

 In situ  tomography cannot be reliably performed on bone, 

as irradiation exposure typically is  ∼ 1 MGy, which damages 

the tissue;  8   accordingly, we use tomography to characterize 

bone-mineral density and osteonal spacings, and to assess 

damage and crack paths  ex situ. In situ   μ -CT during tensile 

testing, however, can be performed on synthetic materials 

  

 Figure 1.      Multiple length scale structure and properties of bone. The structure of bone 

showing the seven levels of hierarchy with the prevailing toughening mechanisms. At the 

smallest level, at the scale of the tropocollagen molecules and mineralized collagen 

fi brils, (intrinsic) toughening (i.e., plasticity) is achieved via the mechanisms of molecular 

uncoiling and intermolecular sliding of molecules. At coarser levels at the scale of the fi bril 

arrays, microcracking and fi brillar sliding act as plasticity mechanisms and contribute to 

the intrinsic toughness. At micrometer dimensions, the breaking of sacrifi cial bonds at the 

interfaces of fi bril arrays contributes to increased energy dissipation, together with crack 

bridging by collagen fi brils. At the largest length scales in the range of 10s to 100s  μ m, 

the primary sources of toughening are extrinsic and result from extensive crack defl ection 

and crack bridging by uncracked ligaments, both mechanisms that are motivated by the 

occurrence of microcracking and are invariably associated with the osteonal structures.  1 – 4   

Adapted with permission from Reference 2.    

  *  The R-curve provides an assessment of the fracture tough-

ness in the presence of subcritical crack growth involving 

measurements of the crack-driving force (e.g., the stress inten-

sity  K  or  J -integral) (i.e., the rate of change in potential energy 

per unit increase in crack area) as a function of crack exten-

sion ( Δ  a ). The value of the driving force at  Δ  a  → 0 provides 

a measure of the crack-initiation toughness, whereas the slope 

of the R-curve can be used to characterize the crack-growth 

toughness.  
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using monochromatic and polychromatic x-rays. We employ 

a unique facility at the Advanced Light Source at the Lawrence 

Berkeley National Laboratory (LBNL) that permits  in situ  

characterization at temperatures up to 1850°C in inert or 

oxidizing atmospheres with the capability to maintain a 

controlled tensile/compressive load on the sample, while 

simultaneously imaging in 3D in real time with 650 nm/voxel 

spatial resolution ( Figure 2 ).  6   For each scan, a set of 1200 

radiographs are collected and converted to 

a reconstructed 3D tomographic image using 

inverse radon transforms. Images formed with 

the coherent x-ray source contain both phase 

and absorption contrast, which emphasizes edges 

and makes quantitative measurement of crack 

openings diffi cult. To minimize phase-contrast 

effects, we used the Modifi ed Bronnikov 

Algorithm and fi ltered back-projection to 

obtain 3D tomographic reconstructions of the 

phase signal, enabling more accurate quanti-

tative structural measurements.  9     

  In situ  eSEM fracture-toughness 
testing 
 A simple yet effective technique to characterize 

fracture-toughness behavior with real-time 

observation of how growing cracks interact 

with the salient microstructural features is to 

perform measurements within the eSEM. For 

bone, we load hydrated bone samples with a 

Gatan Microtest 2 kN three-point bending stage 

in the eSEM and monitor stable crack extension 

as a function of the “crack-driving force” to 

determine R-curves.  10 , 11   We use nonlinear-

elastic fracture mechanics with the crack-

driving force defi ned using the  J -integral,  12   as 

this includes the plasticity contribution to the 

toughness. Full details are given elsewhere.  10 , 12      

 Fracture resistance in bone 
 Human bone tissue can be either trabecular 

(spongy) or cortical (compact). Trabecular 

bone, also known as cancellous bone, fi lls 

the insides of many bones with struts on the 

order of 100–300  μ m in diameter. In this work, 

we have focused on cortical bone, which is a 

nanocomposite of principally Type I collagen 

molecules  †   and hydroxyapatite mineral nano-

crystals.  1   Its essential mechanical properties of 

stiffness ( ∼ 15–25 GPa), strength ( ∼ 100 MPa), 

and toughness ( ≥ 5 MPa/m) are derived at mul-

tiple length scales throughout bone’s hierar-

chical architecture. 

 Bone’s intrinsic toughness,  2   which arises 

from mechanisms that inhibit both the ini-

tiation and growth of cracks, can be identi-

fi ed with plasticity (strictly inelasticity) mechanisms acting 

ahead of a crack and derived primarily at submicron length 

scales from collagen fi brillar sliding ( Figure 1 ). Extrinsic 

  

 Figure 2.       In situ  mechanical testing within the x-ray synchrotron. (a) Schematic illustration 

of the ultrahigh-temperature tensile testing facility for x-ray computed microtomography 

(beamline 8.3.2 of the Advanced Light Source).  6   The sample, held in water-cooled grips 

in a vacuum-sealed cell mounted on an air-bearing rotation stage, is heated (b) through a 

hexapole arrangement of 150 W halogen lamps, each with an ellipsoidal refl ector aimed 

at the center of the cell, giving a spherical hot zone of diameter  ∼ 5 mm. Load is applied 

by a stepper motor, with force and displacement measured with an in-line load cell and 

linear variable differential transformer sensor. A 360 degree, 300- μ m-thick aluminum x-ray 

window around the cell supports both the chamber weight and the force on the sample, 

allowing x-rays to illuminate the sample and pass through to the imaging system. 

(c) Schematic of the rig in transmission mode for x-ray computed microtomography. 

(d) SAXS/WAXD testing  7   where samples are exposed to high fl ux x-ray radiation (beamline 

7.3.3 of the Advanced Light Source) causing the 67-nm stagger in the mineralized collagen 

fi bril to scatter x-rays at a small angle (SAXS), while the hydroxyapatite mineral’s lattice 

diffracts x-rays at a high angle (WAXD). As load is applied, changes in the peak positions 

are used to calculate the individual strains in the mineral and collagen fi brils, with the tissue 

strain measured with a CCD camera.    

  †  There are several different types of collagen in the human 

body that can be distinguished by their chemical compositions. 

Type I is considered to be the most abundant and is found in 

bones and skin.  
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toughening mechanisms,  2 , 3   conversely, act primarily in the 

crack wake to inhibit cracking by “shielding” the applied 

stresses; they are created in bone at micron scales princi-

pally by the interaction of growing cracks with the osteonal 

structures to induce crack defl ection and form crack bridges.  10    

 Aging-related deterioration in bone 
 Biological factors such as aging and disease can increase the 

fracture risk in bone. Although this is attributed to a loss in 

bone-mineral density (bone quantity),  13   recent studies show 

that the structure and properties of bone specifi cally degrade 

with age, independent of bone-mass  14   (bone quality) .  Indeed, 

age-related deterioration in toughness  7 , 11 , 15   has been corre-

lated with several nano/microstructural changes, including 

increased microcracking, osteonal dimensions,  7 , 16   and col-

lagen cross-link densities.  7 , 17   In human bone, cross-links occur 

as enzymatic cross-links, both immature intrafi brillar and 

mature interfi brillar, and non-enzymatic advanced glycation 

end-products (AGEs), such as pentosidine, that form intra- 

and interfi brillar links along the collagen backbone.  18   While 

the level of enzymatic cross-links stabilizes at  ∼ 10–15 years 

of age, AGEs can increase up to fi vefold with age, which has 

been correlated to reduced fracture resistance.  19   Similarly, 

excessive remodeling with age increases the osteonal density 

in human cortical bone; this governs the degree of microcrack-

ing and, in turn, affects the development of crack bridges, 

which provide a major source of micron-scale toughening.  11   

 We examined the strength and toughness of hydrated human 

cortical bone (fresh frozen humeri; the bone in the arm extending 

from the shoulder to the elbow) from young (34–41 years), 

middle-aged (61–69 years), and aged (85–99 years) groups.  7   

Although yield and peak strengths show only a 5–10% drop 

with aging (  Figure 3  a), corresponding fracture-toughness 

properties, presented as stress-intensity  K -based R-curves  7 , 11   

( Figure 3b ), reveal a twofold decrease in crack-initiation 

toughness (defi ned as the stress intensity at which the crack 

extension  Δ  a  → 0) and a fourfold decrease in crack-growth 

toughness (defi ned as the initial slope of the R-curve).     

 Fracture surfaces in the longitudinal orientation are gener-

ally relatively smooth, with evidence of microcrack formation 

nominally parallel to, and ahead of, the growing crack. The 

intact regions between these microcracks and the main grow-

ing crack result in the formation of “uncracked-ligament” 

bridges,  3   which provide a source of extrinsic toughening by 

carrying load that would otherwise be used to further crack 

growth. The crack bridges, however, are smaller and fewer 

in number in aged bone ( Figure 3c–d ), signifying a reduced 

contribution to the crack-growth toughness with age.  7 , 11   

Microtomography of these samples demonstrated a higher 

number of osteons in aged bone ( Figure 3c–d ); in fact, the 

aged sample had nearly three times the osteonal density (On.

Dn. is the number of osteons per unit area), consistent with 

trends of increased bone turnover with age ( Figure 3e ).  20   The 

reduced spacing between osteons in older bone is consistent 

with smaller crack bridges and lower crack-growth toughness. 

 To examine the intrinsic behavior at submicron dimen-

sions,  in situ  high-fl ux synchrotron x-ray scattering experi-

ments on uniaxial tensile specimens were used to study the 

mechanical behavior of the individual constituents of bone. 

Results from such SAXS/WAXD experiments were obtained 

as strains in the mineralized collagen fi brils ( Figure 3f ) and 

mineral as a function of the macroscopic strain applied to the 

sample (i.e., tissue strain).  7   For a given tissue strain, the strain 

in the collagen is more than 25% lower in aged bone than in 

young bone, implying that the fi brils become essentially stiff-

er with age due to changes in the collagen environment.  ‡   This 

was examined by quantifying the collagen cross-linking due 

to non-enzymatic glycation. Consistent with the literature,  17   

our results show a higher level of AGEs in aged bone than 

in young bone ( Figure 3g ). The SAXS/WAXD observations 

clearly indicate that these increased levels of non-enzymatic 

cross-links with age stiffen the collagen fi brils, thereby affect-

ing the plasticity of the bone.   

 Disease-related deterioration in bone 
 In addition to aging, there are many diseases that can severely 

affect the mechanical properties of bone, making it more 

prone to fracture. We briefl y describe one such example, 

that of  osteogenesis imperfecta  (OI), to show that although 

complex biological factors are involved, the specifi c reasons 

for the loss in bone strength can again be related to simple 

engineering principles, in particular to a consideration of the 

deterioration in intrinsic versus extrinsic toughening.  21   

 OI, or “brittle bone” disease, is an affl iction without a cure 

that affects some 1/15,000 births.  22   It results from molecular 

mutations that lead to bone fragility and often spontaneous 

fractures and is characterized by low bone mass and strength 

and skeletal deformities from mutations of Type I collagen 

structure and quantity.  23 – 25   OI patients have reduced cortical/

trabecular bone volume, an increased presences of bone cells, 

both osteoblasts and osteoclasts with increased bone turnover, 

but lower mineral apposition rates not compensated by the 

increased cell number;  24 , 25   they also show high mineral con-

tent and loss of mineralization heterogeneity,  25   all features that 

contribute to increased bone fragility. 

 We examined the effect of OI on bone fracture using a 

specifi c mouse model, the OI murine ( oim ) model,  21   which 

is widely used in medical studies.  26    Oim  mice naturally 

produce  α 1(I) collagen homotrimers instead of normal het-

erotrimer  α 1(I)2 α 1(I) collagen, a similar collagen mutation 

seen in human OI;  27   indeed, they exhibit phenotypic and 

biochemical features typical of human OI.  28   Specifi cally, 

homozygous  oim  mice ( oim/oim ) have spontaneous skeletal 

fractures, acute osteopenia (lower than normal bone min-

eral density), bone deformities with decreased body size; 

their cortical bone displays increased mineralization with 

  ‡  The mineral strain does not signifi cantly change,  7   principally 

because the hydroxyapatite has a stiffness roughly three orders 

of magnitude larger than the collagen.   
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decreased heterogeneity, with long bones and vertebrae show-

ing little plastic deformation and reduced stiffness compared 

to healthy bone. Heterozygous  oim  mice ( oim /+) have the 

same collagen mutation with normal collagen.  29   Consequently, 

bones from  oim/oim  mimic severe human OI, whereas  oim /+ 

bones mimic mild OI with less severe osteopenia and no spon-

taneous fractures.  29   

 Uniaxial tensile testing of femora bone saturated in Hanks’ 

Balanced Salt Solution (HBSS) was performed in the synchro-

tron to measure stress-strain curves. Results from  oim /+ and 

 oim/oim  bone are compared to normal, healthy (wild type, WT) 

bone in   Figure 4  a and reveal a loss in stiffness, 

a 30–40% loss in ductility, and a 40–67% loss 

of strength in mild and severe OI bone, com-

pared to healthy bone.  21    In situ  SAXS/WAXD 

analysis showed that at tissue strains >0.3%, the 

strain in the mineralized collagen fi brils was, 

respectively, 25% and 50% higher in  oim/+  and 

 oim/oim  bone than in normal bone, consistent 

with measurements showing changes in the 

collagen environment for both enzymatic and 

non-enzymatic AGE cross-links.  21   The effects 

of OI at the scale of the collagen fi brils involve 

changes in the collagen cross-linking, which 

suppress plasticity by fi brillar sliding, thereby 

lowering strength and reducing ductility.     

 The extrinsic contribution originates at much 

higher length scales and is associated with 

the interactions of a growing crack with the 

bone-matrix structure. R-curves for the femora 

 oim /+ and  oim/oim  bone (transverse orienta-

tion) in  Figure 4b  reveal a 30–70% drop in 

toughness compared to healthy bone; more-

over, the capacity for subcritical cracking is 

a factor of two lower in severe OI bone.  21   

Images of the fracture surfaces ( Figure 4c–d ) 

reveal that in diseased bone, cracks propa-

gate with a smoother, non-tortuous path than 

in healthy bone, where growing cracks tend 

to defl ect sharply, akin to crack defl ection at 

the osteonal boundaries in human bone. Mouse 

bones do not have osteons or the Haversian 

canals (the tube-like structures that surround 

the blood vessels and nerve cells) inside them; 

their highest level of organization is in the 

concentric lamellae around their medullary 

cavity (the central cavity of the bone shaft 

that stores the marrow), but it is these inter-

faces between the bone’s lamellar structure 

that can also result in defl ection/twisting of 

the crack from the path of maximum tensile 

stress. As such deviations from the path of 

maximum “driving force” act to reduce the 

local stress intensity by roughly a factor of 

two (for a 90 degree defl ection), this is a 

particularly potent extrinsic toughening mechanism (it is 

why bone is more diffi cult to break in the transverse ori-

entation than fracture by splitting in the longitudinal direc-

tion  10  ). It is the absence of such defl ected crack paths in OI 

bone that causes the loss in extrinsic toughness. 

 We believe that cracks defl ect at the cement lines in healthy 

bone because these are regions of higher mineralization; 

indeed, it is this heterogeneity in the bone-matrix structure that 

is so critical to maintaining its resistance to fracture. In many 

forms of diseased bone, such as OI, abnormal mineralization 

leads not simply to a higher mineral content (which, in itself, 

  

 Figure 3.      Role of aging on the mechanical properties of human cortical bone. (a) Strength 

and (b) fracture toughness R-curves for bone tested in 25°C Hanks’ Balanced Salt 

Solution (HBSS) from young (34–41 years old), middle-aged (61–69 years old), and aged 

(85–99 years old) groups (longitudinal orientation).  7   X-ray computed tomographs of the 

Haversian canal distributions in (c) young and (d) aged bone (color coding indicates canal 

diameter); (e) aged bone has nearly three times the osteonal density On.Dn., implying 

more cement lines for microcracks to initiate and smaller crack bridges during crack 

growth.  7    In situ  uniaxial testing with (f) small- and wide-angle x-ray scattering/diffraction 

analysis permits partitioning of strain in the collagen and mineral under load. At a fi xed 

tissue strain, the individual strain in the collagen fi brils is  ∼ 25% smaller in aged bone 

than in young bone; changes in the mineral strain are not signifi cant. (g) The lower strain 

in the collagen in aged bone is consistent with the accumulation of non-enzymatic AGE 

collagen cross-links, which act to suppress bone plasticity via fi brillar sliding. All tests 

involve bone saturated in HBSS. Adapted with permission from Reference 7.    
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is embrittling) but to a greater homogeneity in mineralization  25   

and structure; the relative mineralization between the cement 

line and the matrix is no longer so acute that the interface ceases to 

represent a “brittle” region to defl ect cracks. We see similar 

effects in vitamin D defi cient human bone,  30   which appears 

to be prematurely aged compared to healthy bone—again a 

greater homogeneity in mineralization results in less defl ected 

crack paths. Indeed, this could be a contributing cause of atypical 

femoral fractures in bone subjected to bisphosphonate treatments  31   

where fracture surfaces tend to be uncharacteristically smooth. 

 These intrinsic and extrinsic toughening mechanisms which 

originate at such widely differing length scales are coupled.  7   

Once cross-linking restricts plasticity by 

fi brillar sliding at molecular/fi bril levels, 

the bone still must dissipate energy during 

deformation, which it does by microcracking 

at higher length scales. Not only does this 

provide the likely signaling process to instigate 

bone remodeling, but microcracking provides 

an essential precursor to the formation of 

the extrinsic crack bridging and defl ection 

mechanisms. 

 In summary, the evidence at submicron 

length scales, from SAXS/WAXD analysis 

of uniaxial tensile tests, strongly suggests that 

intrinsic contributions to the bone’s fracture 

resistance arise from its ability to plastically 

deform; aging and certain bone diseases re-

sult in changes to the collagen cross-linking 

environment, which specifi cally act to con-

strain this capacity in the form of restricted 

fi brillar sliding. The resulting loss in ductil-

ity at such nanometer length scales directly 

degrades the intrinsic toughness, thereby 

contributing to increased fracture risk. At 

coarser length scales in the micron to near-

millimeter regime, evidence from eSEM and 

 μ -CT fracture testing suggests a very differ-

ent picture. The primary driver for extrinsic 

toughening is the crack path and its inter-

action with the bone-matrix structure, with 

the salient shielding mechanisms identifi ed 

as crack bridging and defection. Increased 

osteonal density, seen for example in aged 

bone, acts to diminish crack-bridging phe-

nomena, which is a primary factor associ-

ated with the aging-related degradation in 

longitudinal bone toughness. An increase in 

the homogeneity in mineralization, seen for 

certain bone disease states, similarly acts to 

diminish crack-path tortuously; the result-

ing loss in extrinsic toughening by crack 

defl ection may be a primary factor in the in-

creased fragility of diseased bone.    

 Bioinspired materials 
 Like bone, mollusk shells are another fi ne example of Nature’s 

design of damage-tolerant materials. Dating back as a spe-

cies to some 545 million years, these materials, such as nacre 

(red Abalone shell), have a “brick-and-mortar” structure; the 

“bricks,” comprising  ∼ 95 vol% of the structure, are  ∼ 0.5  μ m 

thick, 5–10  μ m wide platelets of the mineral aragonite 

(polymorph of calcium carbonate) separated by an organic 

biopolymer “mortar” (  Figure 5  ).  32   The mineral accounts 

for the high strength; however, as it is inherently brittle, 

if the aragonite platelets were rigidly locked together, the 

resulting toughness would be minimal, as there would 

  

 Figure 4.      Role of  osteogenesis imperfecta  (OI) on uniaxial tensile and fracture toughness 

properties of mouse cortical bone for healthy (wild type [ WT ], red) and mild ( oim/+ , blue) 

and severe  osteogenesis imperfecta  ( oim/oim,  green).  21   (a) Uniaxial tensile tests show 

signifi cant reductions in both strength and ductility in diseased bone. (b) Similarly, fracture 

toughness R-curve properties, in terms of the stress intensity  K  as a function of crack 

extension  Δ  a , reveal much lower toughness coupled with reduced stable crack growth 

in  oim  bones. Crack-initiation toughnesses (where  Δ  a   →  0) in  oim/+  and  oim/oim  and 

bone are, respectively, 30% and 60% of that of healthy bone. (ASTM valid measurements 

are represented with a continuous line with invalid measurements with a dotted line). 

Such disease-related deterioration in bone toughness is consistent with (c) the crack paths 

and (d) fracture modes. Crack paths in WT bone underwent multiple crack defl ections, in 

conjunction with the through-thickness crack twists, resulting in a twofold increase 

in bone toughness with crack extension-rising R-curve behavior ( Figure 1b–c ). Crack 

growth in  oim/+  and  oim/oim  bone, conversely, displayed a much more linear crack path, 

resulting in an almost fl at fracture surface. This is also apparent in the fracture surface 

morphologies. Rough defl ected fracture surface in (WT) bone contrasts the fl at fracture 

surfaces in  oim  bones. All tests involve bone saturated in Hanks’ Balanced Salt Solution. 

Adapted with permission from Reference 21.    
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be no means to relieve locally high stresses. This is the role of 

the organic “mortar,” a compliant interphase that allows 

some movement between the platelets, thereby confer-

ring intrinsic toughening.  4   This sliding between the min-

eral platelets must be limited ( ∼ 1  μ m) though, or strength 

would be lost. Nature achieves this via the frictional re-

sistance of the “mortar,” “frictional stops” from the sur-

face roughness of the platelets, and from small mineral 

“bridges” linking the layers ( Figure 5b ).  32 – 34   The tortuous 

crack paths and “pull-out” of the mineral platelets further 

provides extrinsic toughening ( Figure 5c ).  35   The result is a 

hybrid material with a toughness at least an order of magni-

tude higher than its constituent phases.     

 We have made bioinspired bulk ceramic 

materials in the image of the nacre structure 

( Figure 5d–f ).  36   Using alumina powders 

mixed with water and frozen using a freeze-

casting technique,  37   ceramic scaffolds are 

processed with layer thicknesses ( ∼ 1–100  μ m) 

controlled by the cooling rate and interlayer 

roughnesses controlled, in part, by a dopant 

addition (sugar, salt, alcohol). After cold 

pressing and infi ltrating with a polymeric 

“compliant phase” (PMMA), “brick-and-

mortar” 85 vol% alumina/PMMA (nacre-like) 

materials have been fabricated in bulk form. 

The resulting mechanical properties of these 

bioinspired ceramics are remarkable, with 

strengths comparable with pure alumina but 

toughnesses an order of magnitude larger. 

Indeed, fracture toughnesses can exceed 

30 MPa√m ( Figure 5f ), making these ma-

terials the toughest ceramics on record.  36   

Toughening is achieved primarily through 

ceramic brick pull-out, with optimal dam-

age-tolerance achieved with a resistant “mor-

tar” displaying a strength just below the 

brick strength (so that the bricks do not frac-

ture) ( Figure 5d ).  In situ  computed tomog-

raphy clearly reveals additional toughening 

from marked crack defl ection, and from the 

fact that local damage from interfacial voids 

and microcracks is widely dispersed and not 

prone to localization ( Figure 5e ).   

 Ceramic-matrix composites 
 At the other extreme of material behavior, 

we consider structural materials designed for 

ultrahigh-temperature applications such as gas 

turbines.  38   Over the past  ∼ 80 years, the develop-

ment of gas turbines for propulsion and power 

generation, from Frank Whittle’s fi rst models 

in the 1930s–1940s to commercial and military 

aircraft engines used today, can be linked to the 

use of superior elevated-temperature materials. 

This has enabled progressively higher operational tempera-

tures (with blade temperatures rising from 800°C in the 1940s 

to 1100°C or more today) with consequent major fuel savings 

and increases in thermodynamic effi ciency—this is the turbine 

equivalent of Moore’s Law for computer-chip speeds! Currently, 

turbine blades made from single-crystal nickel-based superal-

loys can function at temperatures  ∼ 1150°C.  39   However, this rep-

resents a thermodynamic upper-limit, which can be extended by 

thermal-barrier coatings and forced-air cooling, although this 

greatly reduces the effi ciency gained from higher-temperature 

operation. Ceramic components, conversely, have the potential 

for uncooled operation at temperatures several hundred degrees 

hotter with markedly reduced structural weight, but their use 

  

 Figure 5.      The hierarchical structure and properties of nacre. (a) Nacre consists of 

mineral platelets (aragonite) and some proteins arranged in a “brick-and-mortar” 

structure; the mineral “bricks” provide for strength, with limited slip in the biopolymeric 

“mortar” allowing for ductility and toughness.  32 – 34   The  ∼ 500 nm thick by  ∼ 5–10  μ m 

wide mineral “bricks” are comprised of millions of nanograins glued together by 

a biopolymer. If the “bricks” were rigidly interlocked, the resulting structure would 

be hard yet hopelessly brittle. (b) The “mortar” between the bricks generates limited 

deformation between the mineral layers, allowing for relief of locally high stresses 

to provide ductility without loss in strength. Too much “give” in the mortar, however, 

would result in lower strength. Such interphase displacements are restricted by the 

mechanisms shown in (b); too hard a mortar, conversely, would result in brick failure. 

(c) Optimum properties are achieved when the strength of the “mortar” is fractionally 

less than the strength of the “bricks,” such that toughening via crack bridging can occur 

when the “bricks” pull out without breaking. (d) This can also be achieved in a synthetic 

alumina/PMMA material with alumina “brick” pull-out and frictional sliding in the compliant 

polymeric layer.  36   (e) Computed x-ray microtomography of fracture in such “nacre-

like” materials shows highly defl ected crack paths (in green) and highly non-localized 

damage in the form of microcracks and interfacial voids (in yellow). (f) Toughness 

properties of “nacre-like” biomimetic ceramics are compared to those of nacre. The 

“nacre-like” alumina/PMMA ceramic shows exceptional fracture toughness exceeding 

 K  c  > 30 MPa√m, which is an order of magnitude tougher than its constituent phases 

and homogeneous Al 2 O 3 /PMMA nanocomposites.    
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has been compromised by uncertain damage-tolerance. The 

development of ceramic-matrix composites, in particular silicon 

carbide matrix ceramics reinforced with silicon carbide fi bers 

(SiC f -SiC m ), may change this;  40 – 42   indeed, CMCs are slated for 

use in commercial aircraft engines by the end of this decade. 

 In addition to gas turbines, CMCs are candidate materials 

for control surfaces in potential hypersonic vehicles requiring 

further extremes of temperatures (1500°C or more).  43   For 

these applications, textile composites with 3D-woven carbon 

or SiC fi bers embedded within a chemical-vapor-infi ltrated 

(CVI) SiC matrix demonstrate the best thermal and mechanical 

properties.  40 – 43   Weak fi ber-matrix interfaces, engineered using 

boron nitride or pyrolytic-carbon coatings, enable fi ber-bridging 

mechanisms for damage-tolerance; the resulting difference 

in strain between matrix and fi ber failure imparts a degree of 

“ductility” that is absent in monolithic ceramics.  44   Owing to their 

complicated architectures, failure mechanisms are invariably 

complex, occurring at several length scales as matrix cracking, 

individual fi ber breaks, fi ber bundle (or tow) fractures, splitting 

cracks between individual fi bers within tows, and delaminations 

between fi ber tows. For CMCs to reach suffi cient maturity to 

be used as structural materials at such extreme temperatures, 

a thorough quantitative understanding of their 

damage/failure mechanisms under load in 

realistic service environments must be 

achieved.  44 , 45   This is particularly critical for 

design and life prediction. 

 Measurements at temperature are the only 

faithful means to characterize such damage 

and failure processes. Cooling to ambient 

temperatures for examination introduces thermal 

strains,  ∼ 0.1–0.5%, depending on composition 

and cooling rate, which can change cracking 

patterns.  In situ  x-ray tomographic observa-

tions represent a means to gain such detailed 

quantitative mechanistic information under load 

at temperature in 3D .   38   

 Using our  μ -CT facility for 3D imaging 

( Figure 2 ),  6 , 38   we examined damage mechanisms 

in SiC f -SiC m  under  in situ  tensile loading at 

1750°C. Single tow specimens of BN-coated 

SiC fi bers (Nippon Carbon Hi-Nicalon Type-S, 

500 fi bers/tow, fi ber diameter 10  μ m) embedded 

within a CVI SiC matrix, were bonded into 

threaded molybdenum grips and mounted in 

a self-aligning ball-and-socket loading fi xture. 

Tomography data were collected by imaging 

SiC f -SiC m  specimens over a 5 mm gauge 

length at room temperature and 1750°C, 

while tensile forces were applied in steps by 

a displacement-controlled loading system; de-

tails are given elsewhere.  38   

 Individual fi bers and BN coatings were 

readily resolved in cross-sectional slices normal 

to fi ber tows (  Figure 6  ) with no discernible 

difference in resolution (650 nm/voxel) at all temperatures. 

Matrix cracks developed during loading at low temperatures 

and extended continuously, with the entire load carried by 

intact fi bers bridging these cracks. Most matrix cracks 

comprised a single planar surface normal to the applied 

load, although some followed a helical path around the fi ber 

axis. At low temperatures, multiple cracks were formed; at 

high temperatures, failure was associated with a single domi-

nant crack that branched before instability. Just below peak 

load, broken fi bers were detected throughout the composite; 

the number increased at higher loads before the fi bers were 

pulled-out from the matrix. The 3D images reveal a wealth 

of information on the events occurring in the interior of the 

composite during failure (  Figure 7  ): loads and locations 

where individual fi bers fractured, distances the fi bers 

relaxed after breaking, opening displacements of the matrix 

cracks, and 3D surfaces of the matrix cracks.         

 Crack bridging is essential to toughening these mate-

rials;  44   it is enabled by the weak BN interphase, allowing 

debonding and fi ber/matrix sliding. The magnitude of sliding 

resistance dictates how multiple cracks form in the matrix,  45   

which dictates the composite’s macroscopic stress-strain 

  

 Figure 6.       In situ  testing of single-tow SiC f -SiC m  composite specimens at room (25°C) and 

ultrahigh (1750°C) temperatures.  38   (a–b) Scanning electron microscope (SEM) micrographs 

of a room-temperature specimen after testing. Arrows in (a) indicate multiple matrix cracks 

normal to applied tensile load. Image in (b) was taken after complete separation  ex situ . 

Failure is associated with pull-out of fi bers from the matrix. (c) Comparison of image 

resolution in a reconstructed μ-CT slice from a specimen in (a) before testing and a cross-

sectional SEM image from another sample of the same composite. (d) Longitudinal μ-CT 

slices show (at 127 N) single planar crack at 25°C and bifurcated crack with two fi ber breaks 

(indicated by arrows) at 1750°C. (e) Cross-sectional μ-CT slices from 1750°C specimen 

(d) at two stages of loading (45 N and 127 N). Red circles indicate fi ber that is intact at 45 N 

and broken at 127 N. (f–g) 3D volume-rendered μ-CT images from specimens tested at 25°C 

(f) and at 1750°C (g) at several applied tensile loads as indicated (in Newtons). False colors 

were applied (g) to highlight the different test temperatures (*load reading after fi rst matrix 

crack initiated).  38      
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response. Specifi cally, the friction stress determines a limit-

ing lower-bound for the applied tensile stress, at which ma-

trix cracking can occur,  46   as well as a characteristic length 

over which sliding occurs and stress is transferred between 

the fi bers and matrix. The sliding distance determines the 

spacing and opening displacements of matrix cracks and the 

relaxation of fi bers that are broken within the matrix; this is 

responsible for the nonlinear stress-strain response after the on-

set of inelastic behavior. 

 Indeed, the tomography images reveal changes in the 

sliding resistance at 1750°C. First, at a given load, the 

matrix crack-opening displacement was larger at 1750°C 

( Figure 7 ). Provided the sliding zones of adjacent cracks do not 

overlap and a signifi cant number of fi bers remain unbroken, 

the frictional stress can be calculated from the crack-opening 

displacements. Using the images at 127 N load in  Figures 6  

and  7 , frictional stresses of 2 MPa at 25°C and 0.4 MPa at 

1750°C, respectively, were estimated, giving sliding lengths 

(and thus crack spacings) of  ∼ 3 mm at 25°C and  ∼ 13 mm at 

1750°C. Second, multiple matrix cracks formed within the test 

section at 25°C, at loads between the imaging 

steps at 113 and 127 N, whereas at 1750°C, 

a single crack formed at 45 N load ( Figure 6 ). 

In both cases, the crack-opening displacements 

continued to increase with further loading, 

with no new cracks formed. 

 The room-temperature results and calculated 

sliding lengths are consistent with observations 

from separate  ex situ  tests on larger samples that 

showed a distribution of cracks separated by 

distances of 1 to 4 mm. At high temperatures, 

observations of a single crack are also consistent 

with calculated sliding lengths exceeding half 

the gauge length. Third, differences were seen 

in the statistical distributions of fi ber failure 

sites and relaxation lengths at both temperatures 

( Figure 7 ). The distributed loads and positions 

of fi ber fractures relate directly to the statistical 

distribution of fi ber strengths  47   and can be used 

to evaluate the parameters characterizing this 

distribution. At high temperature, failure sites 

were distributed over larger distances from 

the matrix cracks, and the relaxation distances 

were larger than at 25°C. These observations 

are also consistent with the sliding resistance 

being smaller at 1750°C than at 25°C, possibly 

associated with changes in residual stresses due 

to thermal-expansion mismatch. 

 Clearly  in situ  tomography can provide 

crucial information on the  in situ  behavior 

of CMCs under load in extreme temperature 

environments. We believe that there is current-

ly no other way to access this information. 

Such data can reveal details about damage 

evolution that would otherwise remain invisible; 

the standard methods based on sectioning at room temperature 

after high-temperature testing are unreliable because damage 

states likely will change due to thermal strains on cooling. 

Indeed, the acquisition of high-resolution images at such high 

temperatures may well transform the way in which design 

and qualifi cation are carried out for these complex materials. 

The qualitative observations of damage emerging from the 

3D  in situ  imaging inform us of what mechanisms must be 

represented in high-fi delity simulations, while quantitative 

measurements of, for example, the displacement vectors 

of internal cracks serve to calibrate the nonlinear fracture 

cohesive laws that govern crack evolution in simulations, 

all information vital for comprehensive design and life-

prediction strategies.  45     

 Summary 
 This article has highlighted some of the advantages of us-

ing real-time imaging of mechanical behavior at multiple 

length scales to discern the origins of damage-tolerance in 

biological, biomimetic, and structural materials, specifi cally 

  

 Figure 7.      Quantifi cation of cracks in matrix and fi bers of single-tow SiC f -SiC m  composite 

specimens in  Figure 6 .  38   (a–b) 3D rendering from  μ -CT data shows matrix cracks and 

individual fi ber breaks in specimens tested at 25°C and 1750°C at the specifi c tensile 

loads (in N) at which they were imaged (*load reading after fi rst matrix crack initiated). 

The red-blue color scheme indicates the crack-opening displacements (CODs) of matrix 

cracks, quantifi ed by processing the 3D tomography data. Yellow arrows indicate cylindrical 

holes remaining after relaxation of broken fi bers. The fi ber and matrix materials have been 

set to be transparent to reveal the cracks. (c) Force-displacement curves from  in situ  tests in 

(a) and (b). Red curve offset by 70 μm for visual clarity. Hollow circles indicate acquired μ-CT 

data at that load; blue and red solid circles indicate loads corresponding to images in 

(a) and (b), respectively. (d) Comparison of statistical data on fi ber fracture at peak loads 

in the specimens in (a) and (b): each symbol indicates the distance of a fi ber fracture from 

the nearest matrix crack, and the separation of the fractured fi ber ends after relaxation by 

sliding; red circles correspond to 1750°C test, black circles to 25°C test. (e) Histograms 

of the number of broken fi bers as a function of distance from the closest matrix cracks at 

peak load.  38      
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bone, “nacre-like” ceramics and ceramic-matrix composites. 

From the perspective of understanding the sources of strength 

and toughness,  in situ  SAXS/WAXD techniques can provide 

quantitative information on the nature of the plasticity 

mechanisms that contribute to intrinsic toughening, whereas 

 in situ  eSEM and computed x-ray tomography of how a 

growing crack interacts with salient microstructural features 

can provide similar information on crack-tip shielding 

mechanisms, primarily crack defl ection and bridging, that 

serve to induce extrinsic toughening. By applying these 

techniques to the study of the fragility of bone, we have shown 

how bone generates its damage-tolerance at differing length 

scales and how this can degrade due to biological factors such 

as aging and disease. 

 With respect to next-generation high-temperature structural 

materials, such as the CMCs described here, the use of real-time 

x-ray microtomography for samples under load represents a 

vital technique for characterizing damage at temperature. The 

tomography data contain complete quantitative information 

on crack paths, crack-surface areas and orientations, spatial 

variations in the crack-opening displacements, statistics 

of relative spatial location of cracks, and microstructural 

heterogeneities within the sample volume—all parameters 

that are critical in any analysis of fracture. The challenge is 

to extract this information from reconstructed 3D images in a 

form that can be used for validation of computational models 

and to provide calibration of material constitutive laws as 

input for the models. Success rests on effi cient methods 

for processing the 3D image data with techniques such as 

segmentation for automated identifi cation and representation 

of cracks and microstructural features.     
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