
frame under the influence of the interatomic
potential of the remaining stationary lattice.
The characteristic vibration frequency ob-
tained for bulk ZnS is 7.12 � 1.2 THz. This
value is consistent with that reported previ-
ously for bulk CdSe (27, 28). In comparison,
the characteristic vibration frequency for the
ZnS nanoparticles is 11.6 � 0.4 THz. Al-
though these values cannot be simply related
to the full phonon dispersion relations for
ZnS, the trend clearly indicates lattice stiff-
ening. This implies that the heat capacity of
the ZnS lattice, excluding surface-bound spe-
cies, is lower in nanoparticles than in equiv-
alent bulk material.

There are several features of the nanopar-
ticles that may be responsible for the lattice
stiffening. First, the PDF analysis indicates
�1% bond length compression. Because
crystalline materials show an increase in vi-
bration frequencies with pressure (away from
phase transitions), the compression will cause
lattice stiffening. However, compression of
this magnitude alone cannot explain the large
increase in vibration frequency. The average
change in bond length provides an incom-
plete picture because disorder within the
nanoparticles leads to a large distribution of
bond lengths, and all deviations from the
equilibrium bond lengths may increase the
vibration frequency. We thus find that struc-
tural disorder is principally responsible for
the lattice stiffening.

In summary, we quantitatively determined
nanoparticle crystallinity and disorder, using
a PDF-based method. We found that the best
description of nanoparticle structure includes
bond length contraction, random disorder,
and a type of disorder characterized by cor-
related atomic displacements. The internal
disorder is observed despite the presence of
strongly bound surface ligands. We conclude
that even with strong chemical passivation,
surface atoms exist in diverse unsatisfied
bonding environments at the surface that
drive inhomogeneous internal strain. A strik-
ing consequence of the internal disorder is
that the nanoparticles are much stiffer than
expected from the measured bond length con-
traction. Our approach is an important step
toward a realistic description of nanoparticle
structure that includes internal strain, which
is likely to be a general feature of nanoscale
solids. Because lattice contraction and disor-
der will separately modify electronic proper-
ties, inclusion of these effects is essential for
accurate nanoparticle calculations.
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Grain Boundary–Mediated
Plasticity in Nanocrystalline Nickel

Zhiwei Shan,1 E. A. Stach,2 J. M. K. Wiezorek,3 J. A. Knapp,4

D. M. Follstaedt,4 S. X. Mao1*

The plastic behavior of crystalline materials is mainly controlled by the nucleation
andmotion of lattice dislocations.We report in situ dynamic transmission electron
microscope observations of nanocrystalline nickel films with an average grain size
of about 10 nanometers, which show that grain boundary–mediated processes
have become a prominent deformation mode. Additionally, trapped lattice dislo-
cations are observed in individual grains following deformation. This change in the
deformationmode arises from the grain size–dependent competition between the
deformation controlled by nucleation and motion of dislocations and the defor-
mation controlled by diffusion-assisted grain boundary processes.

The plastic deformation of coarse-grained
metals at relatively low temperature is usual-
ly mediated by the nucleation and motion of

dislocations. However, for nanocrystalline
metals, dislocation sources and pile-ups are
not expected to exist within the individual
grains because of the limited grain size and
the much higher fraction of grain boundary
(GB) atoms (1–8). It has been proposed (3–6)
that GB-mediated plasticity (e.g., GB sliding
and/or grain rotation) substitutes for conven-
tional dislocation nucleation and motion as
the dominant deformation mechanism when
grain sizes are reduced below a certain value.
This conjecture has been supported by mo-
lecular dynamics simulations (5, 7, 8) and
indirect experimental evidence (2, 9). Dy-
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namic in situ deformation studies (10–13)
have been performed in the transmission
electron microscope (TEM) to observe the
deformation mechanisms that are active in
nanocrystalline metals with grain sizes in the
regime where a transition in mechanism is
predicted. However, direct experimental evi-
dence of a transition in deformation mecha-
nisms, i.e., from a dislocation-mediated de-
formation to a GB-mediated deformation, has
not been reported (10–14).

The Ni samples used in this study were
synthesized by directing a high-energy pulsed
KrF excimer laser onto a high-purity Ni tar-
get under vacuum with a base pressure of
about 2 � 10	7 torr. The resulting Ni plasma
was deposited onto a [001] NaCl substrate
with a nominal thickness of 150 nm. TEM
observations (Fig. 1A) indicate that the as-
deposited Ni consists of roughly equiaxed
grains with random orientations (inset in Fig.
1A). Statistical measurements of dark-field
TEM (DFTEM) images reveal a narrow, log-
normal grain size distribution, ranging from
several nanometers to 23 nm with an average
value (�SD) of 9.7 � 3.9 nm (Fig. 1B).
High-resolution TEM (HRTEM) shows that
most grains are separated by large-angle
GBs. Additional GB phases, porosity, or in-
tergranular microcracks were not detected in
these samples after deposition.

The nanocrystalline nickel films were
deformed by in situ TEM tensile straining
(15). Figure 2A is a typical DFTEM image
of a Ni sample in the undeformed state.
Figure 2B is the corresponding selected
area diffraction pattern (SADP) before de-
formation. Upon straining, bright-field
TEM observations showed rapid changes in
contrast that occur continuously in many
different grains. This has previously been
identified as evidence of dislocation activ-
ity (11, 13). However, our in situ DFTEM
observations revealed that the deformation
behavior is substantially more complex.
We found many strongly diffracting fea-
tures that are much larger than the initial
average grain size and are formed immedi-
ately in the deformed zone upon straining
(e.g., the feature marked by a white arrow
is about 60 nm in diameter in Fig. 2C). The
SADP from the deformed area (Fig. 2D,
taken from the same region and with the
same selected area aperture size as the area
in Fig. 2B) exhibited fewer, asymmetrically
distributed diffraction spots in each of the
diffraction rings in comparison with the
SADP obtained before deformation (Fig.
2B). The reduced background intensity and
improved contrast in the SADP of the de-
formed area (Fig. 2D) indicate that the
sample thinned locally during deformation.
Higher magnification DFTEM micrographs
revealed that the large bright features ob-
served after deformation consist of a num-

ber of smaller grains (e.g., Fig. 2E) rather
than a single large grain resulting from
stress-assisted grain growth. A comparison
of the undeformed state (Fig. 2, A and B)
and the postdeformation state (Fig. 2, C, D,
and E) indicates that groups of neighboring
grains underwent an orientation change
during straining and formed numerous
grain agglomerates. Because of the nature
of the image formation mechanism of
DFTEM images (15), we can conclude that
the smaller grains in these agglomerates
exhibit essentially edge-on orientations of
their {111} and/or {200} lattice planes.
The schematic in Fig. 2F depicts a possible
crystallographic substructure associated
with an agglomerated group of grains that
would be consistent with the type of con-
trast observed in the DFTEM micrographs
after straining (Fig. 2E).

To elucidate further the mechanism re-
sponsible for the formation of the agglomer-
ated grain regions, real-time observations
were performed. Contrast changes in areas
subject to high strain during in situ TEM
straining experiments were recorded in the
dark-field (DF) mode. The DF micrographs

shown in Fig. 3 are still frames extracted
from a typical dynamic sequence of images
taken during the application of a single dis-
placement pulse. The times listed on each
still frame are based on the video-acquisition
rate of 30 frames per second. At the begin-
ning of this sequence, there were no grains in
a strongly diffracting condition in the area
indicated by the white arrow (Fig. 3A). After
1/30 of a second, a bright spot emerged from
a grain about 6 nm in diameter and remained
well defined in size as a single, approximate-
ly equiaxed grain until t � 0.1 s (Fig. 3B).
Over the next couple of frames, a number of
additional neighboring grains rotated into
strongly diffracting conditions for either the
{200} or {111} planes. Other nearby grains,
which were in a strong diffraction condition,
did not rotate out of contrast, confirming that
there had been no global rotation of the spec-
imen area and that the rotations observed at

Fig. 1. TEM observations of the typical micro-
structure in the as-deposited nanocrystalline
nickel films. The bright-field TEM micrograph (A)
and the SADP [inset in (A)] show roughly equi-
axed grains with random orientations. The statis-
tical distributions for grain size (B) were obtained
from multiple TEM images of the same sample.

Fig. 2. TEM micrographs showing the evolution
of the Ni microstructure during in situ straining.
(A) DFTEM image of as-deposited nanocrystal-
line Ni film before deformation. Part of the
{111} and {200} diffraction rings were selected
as the image-forming diffraction vectors, as
indicated schematically by the white circle in
(B) (all of the DF images here are taken with
this condition). (B) Corresponding SADP of un-
deformed Ni film. (C) DFTEM micrograph of
as-deposited Ni after deformation. Features in
strong diffraction contrast much larger than
the average grain size are discernible (e.g.,
white arrow). (D) The corresponding SADP of
the deformed Ni film. (E) Higher magnification
DFTEM image of the feature marked by the
white arrow in (C). (F) Schematic sketch of a
possible multigrain substructure of the large
features in bright contrast observed after de-
formation [e.g., in (C)]. The lines represent the
trace of those edge-on planes.
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the arrowed location were internal changes of
the sample structure. Additionally, the small
“notch” discernible at the lower left corner
of the agglomerate (Fig. 3, D and E) indi-
cates that the growth in size of this agglom-
erated group of grains was not isotropic and
involved sudden rotation of individual
grains. At t � 0.5 s, the group of grains had
grown into an elongated equiaxed shape
with an approximate size of 60 nm along
the short axis and 80 nm along the long
axis. After this very rapid morphological
change, the rate of growth of the grain
agglomerate decreased significantly.

These TEM observations confirm the pre-
diction that GB-mediated deformation can
become prominent when the average grain
size of a material decreases below some crit-
ical value. Several theoretical studies have
considered the operation of grain rotation and
GB sliding as possible deformation modes
(16–18). These studies assume that the driv-
ing force for grain rotation is the net torque
on a grain, which results from the misorien-
tation dependence of the energy of the GBs
that delineate a given grain from its neigh-
bors. Grain rotation is viewed as a sliding
problem on the periphery of the grain; chang-
es in the grain shape during rotation are
assumed to be accommodated by diffusion,
through either the GBs or the grain interiors.
If GB diffusion is dominant (a reasonable
assumption in nanocrystalline metals with
grain size below a certain value at room
temperature), it would yield a d–4 depen-

dence on the rotation rate, where d is the
grain size. This is a marked dependence on
grain size. For example, when d is 60 and 6
nm, respectively, and all other factors are
identical, the grain rotation rate for the latter
will be 104 higher than for the former. This
qualitatively explains our observation of ex-
tremely rapid formation of the grain agglom-
erates by rotation during straining. The rate of
the grain rotation processes will generally
decrease with time, as a state of new equilib-
rium is approached locally.

Previous TEM observations have indicat-
ed that dislocations may still play a role in
deformation even if the average grain size
falls below the grain size at which GB pro-
cesses may become active (13). Hence, it
may be expected that evidence of lattice dis-
location glide activity during straining would
exist in the microstructure of deformed nano-
structured metals. However, detection of such
evidence by postmortem TEM investigations,
for instance in the form of dislocation debris
or trapped lattice dislocations, has proven
unsuccessful (19). Yamakov et al. (20) sug-
gested that trapped dislocations may only
exist inside a nanograin under very high ex-
ternal or internal stress and that the removal
of the stress can lead to reversible reabsorp-
tion of the partial dislocations at the pre-
sumed GB source. However, the traditional
sample preparation methods, such as me-
chanical thinning followed by ion thinning or
twin jet polishing will inevitably result in
some relaxation of a previously deformed
microstructure. This makes it difficult to ver-
ify the assumption, and therefore limits fur-
ther understanding of this important funda-
mental process. During this study, HRTEM
images of suitably oriented grains that were
still under stress were obtained in the thin
area that was produced by the deformation.

Trapped lattice dislocations were detected in
some of the grains. Figure 4 shows an exam-
ple of an HRTEM micrograph of one of these
trapped dislocations (white T) trapped in the
vicinity of a GB (delineated by the black
dashed line). The inset at the upper right
corner in Fig. 4 is an inverse Fourier-filtered
image of the region framed by the white box,
which displays the dislocation more clearly.
Local Burgers circuits were employed to de-
termine the Burgers vectors of the disloca-
tions in HRTEM. As for Fig. 4, the Burgers
vector of the trapped dislocation was deter-

mined to be consistent with b �
a

2

110�,

where a is the lattice constant of Ni—i.e., a
unit dislocation of the face-centered cubic
lattice on a (1�11) plane (15). The frequent
observation of trapped lattice dislocations
in the postdeformation state indicates that
dislocation-mediated deformation is still
active even when the average grain size is
about 10 nm. Two other recent experiments
have also detected the presence of disloca-
tions in nanocrystalline Ni while under
stress (21, 22), although for larger grains
(20 and 26 nm, respectively).

The physics governing the observed defor-
mation crossover can be understood by consid-
ering the effect of grain size on the different
operative processes. A number of computational
simulations have predicted that GBs can act as
dislocation sources in nanocrystalline materials
(5, 23, 24). Based on these simulations, Chen et
al. (25) proposed a dislocation-based model sug-
gesting that the nucleation stress for both perfect
and partial dislocations is inversely proportional
to the grain size. Furthermore, this model pre-
dicts the existence of a critical grain size dc,
below which the deformation mechanism will
change from one controlled by normal unit dis-
location motion to one controlled by partial dis-
location activity. If we take the dislocation core
parameter � � 1, the shear modulus as �Ni � 95
GPa (26), and the stacking fault energy of nickel
as �0.128 to 0.24 J/m2 (27, 28), the critical size
(dc) for Ni then ranges from �11 to 22 nm.
However, according to this theory, the lower
bound of the nucleation stress for partial dislo-
cations (for d � 23 nm) in our sample is as high
as �2.1 to 2.8 GPa. This indicates that very high
local stress is necessary for the nucleation of
partial dislocations in nanocrystalline Ni with an
average grain size of 10 nm. In contrast, the rate
of GB-mediated deformation, as mentioned
above, increases rapidly with a scaling of d–4.
Thus, the deformation mechanism crossover is
an inevitable result of the competition between
the deformation controlled by nucleation and
motion of dislocations (unit and partial) and the
deformation controlled by GB-related deforma-
tion accommodated mainly by GB diffusion
with decreasing grain size.

In a critical part of our investigation, we

Fig. 3. DFTEM observation of the rapid genesis of
an agglomerate (e.g., white arrow) depicted by
individual still frames extracted from a dynamic
video sequence. (A) At t � 0 s, no grains in the
strong diffraction condition are near the white
arrow. (B) At t � 0.1 s, a grain in the strong
diffraction condition with a size of about 6 nm is
visible. (C) At t � 0.2 s, a group of grains in bright
contrast with a size of about 28 nm is visible. (D)
At t � 0.3 s, the group of grains has a nearly
elliptical shape, with dimensions of 60 by 35 nm.
(E) At t � 0.4 s and (F) t � 0.5 s, the size of the
group of grains increases to maximum dimen-
sions of about 80 by 60 nm.

Fig. 4. A typical HRTEM image of a thin area
formed by deformation. A dislocation (white T ) is
trapped inside a grain close to the GB (delineated
by black dashed line). The inverse Fourier-filtered
image (inset) from inside the white box shows
the dislocation (black arrowhead) with more clarity.
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observed the rapid sequence of initial grain
realignments by closely examining succes-
sive video frames in DFTEM mode. The
frequent observation of the GB-mediated de-
formation reported here (Figs. 2 and 3) would
not have been possible in bright-field TEM
conditions because of the inherent difficulty
with differentiating the contrast changes
caused by GB-related deformations from
those caused by the motion of lattice disloca-
tions in small grains (e.g., less than 20 nm).
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Pinpointing the Source of a Lunar
Meteorite: Implications for the
Evolution of the Moon
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The lunar meteorite Sayh al Uhaymir 169 consists of an impact melt breccia
extremely enriched with potassium, rare earth elements, and phosphorus [tho-
rium, 32.7 parts per million (ppm); uranium, 8.6 ppm; potassium oxide, 0.54
weight percent], and adherent regolith. The isotope systematics of the mete-
orite record four lunar impact events at 3909 � 13 million years ago (Ma),
�2800 Ma, �200 Ma, and 
0.34 Ma, and collision with Earth sometime after
9.7 � 1.3 thousand years ago. With these data, we can link the impact-melt
breccia to Imbrium and pinpoint the source region of the meteorite to the
Lalande impact crater.

The elevated Th content of the lunar Procel-
larum terrane was recognized during the
Apollo gamma-ray remote mapping program
(1). The terrane, which includes Mare Im-
brium and Mare Procellarum, is characterized
by K-REE-P (or KREEP) [potassium (K),
rare earth elements (REE), and phosphorus
(P)] rock, which is enriched in incompatible
elements (2–5). Such material was returned
by all Apollo missions (6). KREEP-rich ma-
terial is confined to areas surrounding the
Imbrium basin and the Montes Carpatus–
Lalande belt (7), where the impact deposits
provide a datable marker of lunar stratigraphy
(6, 8). The age of the Imbrium basin has been
inferred from isotope-system shock-resetting
data and is debated to be either 3770 or 3850
million years old (9, 10).

Sayh al Uhaymir (SaU) 169 is a 206.45-g
rock found in the Sultanate of Oman (11).
The rock consists of two lithologies (Fig. 1).
About 87% by volume (estimates based on

tomographic sections) (fig. S1) consists of a
holocrystalline, fine-grained polymict im-
pact-melt breccia (stage I in Fig. 1) contain-
ing 25 to 40 vol % of shocked rock and
mineral clasts. The rock clasts are coarse-
grained norites, gabbronorites, and mafic
granulites. Crystal clasts comprise plagio-
clase (An57-94), orthopyroxene (En44-78

Wo1-7), olivine (Fo58-67), and minor ilmenite,
clinopyroxene, spinel, tridymite, or kamacite
(table S1). The mineral chemistry of clasts
suggests the presence of norites to olivine
norites and subordinate, more evolved mag-
matites (granodiorites to granites) and a few
granulites at the impact area. No highland
anorthosites (An�97) were identified.

The fine-crystalline impact melt (generally

200-�m grain diameter) consists of short-
prismatic, low-Ca pyroxene (En61-64Wo3-4),
mildly shocked plagioclase (An75-81), and po-
tassium feldspar, ilmenite, whitlockite, olivine
(Fo58-59), zircon, troilite, kamacite, and tridym-
ite (see also table S1). The impact melt il-
menites contain unusually high Nb2O5 (�0.5
wt %), which distinguishes them from known
lunar ilmenites (6). The impact melt is partially
rimmed by shock-lithified regolith (13 vol%).
We distinguish two stages of regolith formation
(II and III in Fig. 1) from compositional differ-
ences. Regolith II and III comprise clasts of
crystalline and glassy volcanic rocks, magmatic
rocks, breccias, mafic granulites, and crystal
fragments. Only stage III regolith is bordered
by flow-banded glass and contains yellow and
orange glass fragments (including glass beads),
olivine basalts, pyroxferroite-bearing basalts,
and an anorthosite clast. The basaltic clasts
encompass the full range of compositions
from Ti-rich to Ti-poor basalts, including
aluminous members and picrobasalts (table
S2). Glassy shock veins (stage IV in Fig. 1)
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